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Aluminium alloys are the most promising lightweight materials used in the automotive industry to 
achieve weight reduction for improving fuel efficiency and reducing CO2 emissions. High pressure 
diecasting (HPDC) is a fast and economical near-net shape manufacturing method to produce 
engineering components. About 80% of cast aluminium alloys are currently manufactured by 
HPDC. The increased demands of manufacturing structural components by HPDC process require 
high strength Al-alloys for the automotive industry. However, the currently available die cast Al-
alloys are unable to fulfil this requirement. Al-Mg2Si alloy is known as an alloy capable of 
providing superior high strength by Mg2Si particles. However, Al-Mg2Si alloy is not applicable in 
the HPDC process because of the severe die soldering problem. This has limited its applications 
throughout industries. Moreover, the existing studies on the Al-Mg2Si alloy are mainly focused on 
the hyper-eutectic alloys and limited information is available for hypo-eutectic alloys. Generally, 
the mechanical properties of Al-alloys are determined by the alloy composition, the defect levels in 
the components, the microstructure which is mainly controlled by the casting process and heat 
treatment process. Due to the high cooling rate provided by the die block in the HPDC process, the 
refined microstructure in the die cast Al-Mg2Si alloys can be obtained to improve the mechanical 
properties. Therefore, the development of high strength Al-Mg2Si based alloys for the HPDC 
process is significant for manufacturing quality automotive components. 
 
The present study mainly focuses on the alloy development for the HPDC process. In order to 
make die castable Al-Mg2Si based alloys, the effect of excess Mg has been investigated to modify 
the hypo-eutectic Al-Mg2Si system for improving the mechanical properties. The effect of excess 
Mg on the solidification and microstructural evolution, and the mechanical properties of Al-Mg2Si 
alloys, has also been investigated by the combination of thermodynamic calculation and the 
experimental validation. The excess Mg in the hypo-eutectic Al-Mg2Si alloys has been found to be 
able to shift the eutectic composition to a lower Mg2Si content, which means that the hypo-eutectic 
composition of Al-Mg2Si alloy can be at eutectic or hyper-eutectic compositions after adding 
different levels of excess Mg. The experimental trials have also found that Al-8Mg2Si-6Mg alloy 
provides the best combination of strength and ductility in the as-cast castings made by the HPDC 
process. This can be further enhanced by adding 0.6wt.% Mn, which exhibits yield strength of 
189MPa, UTS of 350MPa, and elongation of 6.5%. Investigations have also revealed that the Al-




insignificant reduction of ductility of the alloy. The elongation is still at a level of 5% when Fe is at 
1.6wt.% in the alloy. Furthermore, Cu and Zn can further enhance the mechanical properties of the 
Al-8Mg2Si-6Mg-0.6Mn alloy. Cu contents between 0.31wt.% and 0.92wt.% in the Al-8Mg2Si-
6Mg-0.6Mn alloy can increase the yield strength from 193MPa to 207MPa, but decrease the UTS 
from 343MPa to 311MPa, and the elongation from 4.8% to 3.8% under as-cast condition. This can 
be attributed to the formation of hot tearing defects in castings. Therefore, the Cu content in the 
alloy should be limited to a low level. On the other hand, zinc can be controlled to a level of 
4.3wt.%, which will dramatically increase the tensile strength of the alloy. More importantly, Zn 
can significantly increase the mechanical properties of the alloy after a quick T6 heat treatment 
under a condition of solution at 490
o
C for 15 mins and ageing at 180
o
C for 90 mins, at which the 
yield strength is 345MPa, UTS is 425MPa, and elongation is 3.2 %.  
 
In the present study, the solidification and microstructural evolution, the relationship between the 
microstructure and mechanical properties, and the strengthening mechanisms in the developed 
alloy are discussed on the basis of the experimental results. A two stage solidification has been 
recognised to be responsible for the microstructure formation in the HPDC process. The primary α-
Al phase is formed as prior phase for the hypo-eutectic alloy and the primary Mg2Si phase is 
formed as prior phase for the hyper-eutectic alloy. The solute elements including Mg, Mn, Fe, Cu, 
and Zn can enhance the solution strengthening and/or the precipitation strengthening in the alloys, 
but alter the solidification ranges, which will affect the formation of defects in the castings. In the 
quick T6 heat treatment, the AlMgZn phase is dissolved into the Al phase during solution 
treatment and precipitated during ageing treatment. The quick heat treatment is also found to be 
able to spheroidise the Mg2Si phase. Only η′ MgZn phase is precipitated during aging in Zn 
containing alloys. The alloy with 4.3wt.% Zn provides the best combination of the mechanical 
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A list of symbols is given with a brief description and units used. 
 
Symbol Definition and Units 
α  face angle of diamond which is 136 degrees 
   Composition of alloy (wt%; at%) 
  ,    Interfacial solute content in solid and liquid (wt%; at%) 
  diameter of nucleation substrate (m) 
D Diffusion coefficient (m s
-2
) 
      Liquid and solid volume fraction 
  Temperature gradient (K m-1) 
*
hetG  
Heterogeneous nucleation free energy change 
vG  
Free energy change due to liquid to solid change 
   Equilibrium solute distribution coefficient 
 
 
Slope of the liquidus line (K wt%
-1
) 
  Applied load 
θ Wetting angle between the melt and the surface of the mould 
R Radius of grains (m) 
r* Critical nucleus radius (m) 
)(S
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Chapter 1 Introduction 
1.1 Background and Challenges 
The application of lightweight materials in the automotive industry has been proved as one of the 
most promising and successful approaches to reduce the weight of vehicles [1-6], which is 
beneficial in the improvement of fuel efficiency and the reduction of harmful emissions. This has 
been the main driving force for vehicle manufacturers to meet the European emission standards [1-
3, 6, 7]. As the most popular lightweight materials, aluminium alloys have been increasingly used 
in the automotive industry in the past several decades to achieve environmental goals. The 
automotive industry has used a range of aluminium components in power trains, chassis and body 
structures, including transmission housings, cylinder heads, inlet manifolds, engine sumps, wheels, 
body, as well as decorative trim items[1, 8]. The percentage of aluminium alloys and other 
lightweight materials used in cars has been constantly increased in the past 50 years. However, the 
total weight of cars has constantly increased in the same period of time because of the rise in 
requirements of safety, space and comfortability. Therefore, the increase of the application of 
aluminium alloys in automotive industry becomes even more significant nowadays. Currently, the 
developments are basically classified into two groups: One is related to process development and 
optimisation; The other is related to the development of aluminium alloys. 
 
In process development and optimisation, a renewed interest for the HPDC process has been 
developed recently because of its unique advantages in high production rate and low component 
costs at acceptable quality level [3, 7, 9, 10]. The HPDC process includes hot chamber diecasting 
and cold chamber diecasting. Since cold chamber diecasting is able to cast aluminium and 
magnesium alloys, it has been intensively used to make castings for the automotive industry. In 
comparison with other casting methods, the advantages of the cold chamber diecasting process can 
be summarised: (a) high productivity; (b) good dimensional accuracy and surface finish; (c) a very 
economical process at high volume production; (d) capable of making intricate shapes and thin 
wall castings; and (e) fine grain microstructure and good mechanical properties. 
 
Due to the turbulence flow during die filling and the high cooling rate during solidification, 




limits the casting application as structural components in automotives. The increased demands of 
manufacturing structural components by the HPDC process has resulted in a significant 
development in high integrity casting in the past decade. The vacuum assisted high pressure 
diecasting [3, 9] and rheocasting processing [3, 9] have been utilised in industry for high 
performance components. For the advanced manufacturing process, more precise control is needed 
for the melting and processing, thus both investment and production costs are generally much 
higher than conventional diecasting. There are also new technologies currently under development 
to reduce the defects in the casting without significantly increasing the processing costs [11-14]. 
 
With regard to the new aluminium alloys for the automotive industry, the development for power 
trains, body structure and chassis has been frequently introduced recently. The high strength 
aluminium alloys for chassis applications would be attractive in industry if the alloys are capable 
of providing remarkable improvement than the conventionally used A380 (LM24) alloy and can be 
processed by the high pressure diecasting. Among the commonly used aluminium systems, the Al-
Mg2Si system stands out as a candidate because of its attractive advantages [15-19] such as: (1) the 
low cost of raw materials, (2) low density of Mg2Si and (3) improved mechanical properties in 
comparison with the Al-Si-Cu system. However, due to the limitation of alloy composition, Al-
Mg2Si based alloys are normally cast using permanent mould or sand casting processes, where the 
alloy usually exhibits a coarse primary phase in the as-cast microstructure. This directly results in a 
less attractive mechanical performance and limits their application [15, 18-35]. Research carried 
out for refining/modifying the primary and eutectic Mg2Si phase is beneficial for the improvement 
of the mechanical properties [17, 18, 26, 28, 29, 35, 36], but several critical issues still exist to 
prevent extensive applications. As it is known, the high cooling rate in the HPDC process is 
capable of producing a refined microstructure under as-cast condition; however, there is limited 
information about the HPDC of Al-Mg2Si, and the majority of the existing researches on Al-Mg2Si 
alloys are based on the hyper-eutectic composition. Because the mechanical properties of a cast Al 
alloy is mainly determined by its composition and casting process, the combination of Al-Mg2Si 
binary alloy with the HPDC process will enable the improvement of the mechanical properties in 
shaped castings. On the other hand, the Al-Mg-Si based wrought alloys in automotives have been 
extensively used all over the world. The development of Al-Mg2Si based cast alloy will be 
beneficial for the end-life recycle of vehicles. Furthermore, the development of high strength 
aluminium alloys based on the Al-Mg2Si system, can not only reduce the weight of existing 
aluminium castings by reducing the wall thickness, but also be able to develop new components 




1.2 Research Objectives 
The main objectives of the present study are: 
 
 To study the effect of excess Mg additions on the microstructure and mechanical 
properties of Al-Mg2Si alloys and to understand the relationship between solidification, 
microstructure and the resultant mechanical properties.  
 
 To optimise the composition of Al-Mg2Si-Mg alloys, which are capable of providing high 
strength with reasonable ductility. 
 
 To study the effect of manganese addition in the Al-Mg2Si-Mg alloy, which can improve 
the alloy strength without significantly decreasing the ductility. 
 
 To study the effect of alloying elements including Zn and Cu on the solidification, 
microstructural evolution and the mechanical properties of Al-Mg2Si-Mg based alloys.  
 
 To study the effect of impurity elements, Fe in particular, on the microstructure and 
mechanical properties and to understand the solidification process and microstructural 
evolution of the alloys at different levels of impurity, as well as optimising the tolerable 
limit for the impurity elements. 
 
 To study the effect of heat treatment on the mechanical properties of the alloy, in which 
the effect of the solution treatment and ageing treatment on the microstructure and the 
mechanical properties is focused.  
1.3 Outline of Thesis 
The existing literatures are reviewed in Chapter 2, in which an introduction of high pressure 
diecasting (HPDC) and solidification theories for metal casting are outlined including the 
classification of HPDC, high integrity HPDC, classical theories of heterogeneous nucleation and 
constitutional undercooling during nucleation and growth, casting defects in HPDC and the 
currently available commercial die cast alloys. Also in Chapter 2, the existing studies on Al-Mg2Si 
system are reviewed, followed by the review of the heat treatment and modified heat treatment 




examination equipment and techniques. The experimental results are presented in Chapter 4, 
including the effect of excess Mg on the microstructural evolution and mechanical properties of 
hypo-eutectic Al-Mg2Si alloys; the optimisation of Mn addition in the Al-8Mg2Si-6Mg alloy, the 
effect of Fe impurity in the Al-8Mg2Si-6Mg alloy with and without Mn addition; the effect of Cu 
and Zn on the microstructure and mechanical properties of the Al-8Mg2Si-6Mg alloy; the effect of 
solution treatment and aging treatment on the microstructure and mechanical properties of the Al-
8Mg2Si-6Mg alloy with Zn addition. Chapter 5 discusses the experimental results, including the 
solidification process and microstructural evolution in the Al-Mg2Si alloy with varied solute 
elements; defect formation during high pressure diecasting; the relationship between 
microstructure and mechanical properties of the Al-Mg2Si based alloys under as-cast condition; 
and the effect of heat treatment on the microstructure and mechanical properties of the Al-8Mg2Si-
6Mg-4.3Zn alloy. Chapter 6 presents the main conclusions of this study. The suggestions for the 





Chapter 2 Literature Review 
2.1 High Pressure Diecasting (HPDC) 
2.1.1 Introduction of HPDC 
High pressure diecasting (HPDC) is a fast and economical near-net shape manufacturing method to 
produce engineered metal parts by forcing molten metal, under high speed, into a die cavity [3, 9, 
37, 38]. There are two kinds of HPDC processes used in industry: the hot chamber process and the 
cold chamber process. The main difference between them is the method of holding and delivering 
the molten metal into the die cavity [9, 37].  
 
In the hot chamber HPDC process [9, 38, 39], molten metal is drawn from the reservoir into the 
gooseneck and is injected into the die cavity by lowering the plunger position, as shown in Fig. 2.1. 
Hot chamber HPDC is primarily used for Zn and other low-melting-point alloys, as higher melting 
point metals will cause rapid degradation of the metal injection system [39].  
 
In the cold chamber HPDC process [9, 38, 39], alloy is melted and held in a separate holding 
furnace and then transferred into a shot sleeve (the only part in contact with the melt for a short 
period of time) for each casting cycle, as shown in Fig. 2.2. It is therefore capable of being used for 
aluminium, magnesium and Cu alloys, which have higher melting temperatures. 
 
The cold chamber HPDC has been used to produce a variety of aluminium components to fulfil 
different requirements. Compared to other casting methods, cold chamber HPDC has a much 
higher production rate. It is able to cast components with a close dimensional tolerance, which can 
minimise the cost of further machining. Components with thinner wall thickness and complex 
shape can be produced by HPDC, which can reduce the overall casting weight and number of parts 
in an assembly. Meanwhile, secondary alloys can also be used in the HPDC, which can further 






Fig. 2.1 Graphical illustration of hot chamber diecasting [5]. 
 
 
Fig. 2.2 Graphical illustration of cold chamber diecasting [5]. 
 
The steps of cold chamber HPDC include: 1) pouring the melt into the shot sleeve; 2) slowly 
moving the plunger forward to reduce the air in the shot sleeve and push the melt close to the gate; 
3) rapidly moving the plunger to fill the melt into the die cavity; 4) applying an intensification on 
the melt during solidification; 5) opening die and 6) releasing the casting from the die cavity.  
 
Due to the turbulence flow in die filling and the high cooling rate during solidification, the 
existence of internal defects in the die cast components is a common disadvantage. In order to 
improve the HPDC process, development has been focused on new techniques to produce high 
integrity castings in which entrapped air can be minimised and further heat treatment can be used 




semi-solid metal process [9], The advanced thixotropic metallurgy (ATM) [40], melt conditioned 
casting (MCAST) [12, 41, 42] and melt quenching [14].  
 
The vacuum assisted high pressure diecasting [9] uses a vacuum pump to evacuate the air from the 
shot sleeve and the die cavity to eliminate the entrapped air during casting. The vacuum 
atmosphere not only can reduce the porosity level in final casting but it can also assist the die 
filling of melt during the casting. Semi-solid metal [9] exhibits thixotropic and pseudo-plastic 
behaviours and less turbulence flow during the die filling. Therefore, the entrapped air and 
solidification shrinkage can be reduced in the final castings. The castings produced by the vacuum 
HPDC process and semisolid process contain relatively low porosity levels. Consequently, they 
can be further heat treated to obtain improved mechanical properties [3].  
 
In the MCAST process, liquid metal is subjected to an intensive shearing. The conditioned liquid 
metal has uniform temperature, uniform composition and well dispersed inclusion particles. The 
conditioned liquid is then able to affect the solidified microstructure to have a uniform and refined 
primary phase with less porosity [12, 41, 42].  
 
The advanced thixotropic metallurgy [40] (ATM) technology employs a flow restriction section in 
the runner, which can shear and accelerate the flowing material before melt reaches the gate. The 
shearing from the narrow runner makes the pre-solidified phase in the shot sleeve smaller and 
globular and achieves a better dispersed porosity in the final structure. With a refined 
microstructure, the castings normally provide better mechanical properties.  
 
In the melt quenched high pressure diecasting (MQ-HPDC) process [14], the melt is pre-quenched 
in a pre-heated metallic container before being poured into the shot sleeve. The quenched melt 
have an abundant nuclei throughout the entire volume of the melt; the melt temperature could be 
relatively uniform in the shot sleeve before filling the die cavity. The growth of the large dendrites 
can be thereby restricted in the shot sleeve which facilitates die filling and promotes a uniform 
solidification structure in the die cavity. The casting defects can then be reduced. 
 
These developments can be basically described as the control of the solidification process and to 
reduce the defects in the castings. These are the two aspects in the HPDC process. Therefore the 




2.1.2 Solidification in Cold Chamber HPDC 
Solidification in the HPDC process is essentially the same as that in a conventional casting process, 
which can be described in two stages, i.e. nucleation and growth. In the casting of metals, 
heterogeneous nucleation is dominant and it occurs at crevices in mould walls or on foreign 
particles suspended in the liquid. The heterogeneous nucleation can be schematically described by 
Fig 2.3. A solid embryo forms on contact with a flat mould wall and the interfacial tensions
ml , sm ,
sl  balance in the plane of the mould wall, where ml  is the liquid and mould interfacial energy 
per unit area, and 
sm  is the solid and mould interfacial energy per unit area, and θ is the wetting 







        (2.1) 
However, the vertical component of sl

still remains unbalanced and this resultant force would pull 
the mould surface upwards until the surface tension forces the balance in all directions. In such a 























     (2.3) 
4/)cos1)(cos2()( 2 S   (2.4) 
Where *
hetG  is the heterogeneous nucleation free energy change and vG  is the free energy 
change.  
 
Fig. 2.3 Heterogeneous nucleation of a spherical cap on a flat substrate [43]. 
 
The growth of the nuclei is a diffusion controlled process, thus the solute distribution during 




solid phase and limited diffusion in the liquid at the solid/liquid interface [43]. Figure 2.4 is a 
typical binary alloy phase diagram. As for an alloy with a composition of C0, the solid fraction of 
the solid phase at T2 can be expressed as:  
 
   
     
     
     (2.5) 
 
Fig. 2.4 Schematic illustration of a portion of hypothetical binary phase diagram[43]. 
 
With the precipitation of the solid phase, the solute is rejected and concentrated in the liquid close 
to liquid/solid interface, and the liquid composition becomes   . During the grain growth, solute is 
rejected from the solid phase and the solute concentration is piled up at the growth front as shown 
in Fig. 2.5. This causes a corresponding variation in the liquidus at the solidification front. Thus, 
there is a positive temperature gradient in the liquid, giving rise to an undercooled zone of liquid 




          
   
      (2.6) 
Even though the cooling rate in the die cavity in HPDC is much higher than that in other casting 
methods, the solidification principle is essentially similar. Besides the high cooling rate, the two 
step solidification process is the other difference of HPDC from other casting methods [3, 9, 37]. 
The solidification process of HPDC starts from the melt in contact with the shot sleeve and is 
interrupted by the die filling. Due to the relatively low temperature of the shot sleeve, the melt in 
contact with the shot sleeve is immediately cooled below its liquidus. The heterogeneous 




time, the melt is filled into the die cavity. The pre-solidified dendrites are then partially fragmented 
whilst passing through the narrow ingate with a high speed and turbulent flow. During the die-
filling process, due to the temperature variation and high flow rate, the Marangoni motion [44] in 
the non-uniform temperature field and the Stoke‟s motion [44] in the gravity field result in the 
segregation of primary phases in the middle of the casting section, which in turn leads to the 
formation of a non-uniform structure. Since the melt enters the die cavity by the high turbulent 
flow, this promotes the temperature uniformity during the melt. The higher cooling rate (~1000K/s) 
inside the die cavity promotes nucleation throughout the remaining liquid. With a much higher 
nucleation rate, the primary grains precipitated in the die cavity are much smaller than that formed 
in the shot sleeve. 
 
 
Fig. 2.5 Illustration of principles for constitutional undercooling in constrained grown[45]. Solute 
rejection at the crystal interface and simultaneous release of latent heat of fusion generates a 





2.1.3 Defects Formed in HPDC 
The solidification during the HPDC process is characterised by turbulence flow, a high cooling rate 
and high pressure during solidification. A variety of defects can be formed in the castings [3, 9, 39]. 
The commonly formed defects include porosity, hot tearing, cold shut, and defect band.  
(a) Porosity Defects 
Porosity is one of the most common forms of defect in diecastings. It limits the use of diecastings 
if heat treatment is required because of blistering [37]. In structural applications, porosity can act 
as a stress concentrator creating initiation sites for cracks [9]. Therefore, the existence of porosity 
is detrimental to the mechanical properties such as tensile strength, elongation, fatigue strength and 
fracture toughness [3, 9, 37-39]. In the HPDC process, according to the mechanisms of formation, 
the porosity can be divided into two types, shrinkage related pores and gas related pores. 
 
Shrinkage porosity is mainly caused by the solidification behaviour of specific alloy compositions 
preventing melt feeding [46]. During solidification, the chemical composition changes in the 
remaining melt over temperature for aluminium alloys. This is the main reason to form 
constitutional undercooling and the formation of dendritic morphology of the primary phase. With 
the increase of the volume fraction of dendrites, a skeleton can be formed and the liquid is unable 
to fulfil the skeleton due to the blockage of the pass way [47]. The shrinkage porosity is thus 
formed. The shrinkage porosity is mainly due to a poor casting structure design, inadequate 
temperature control of the die block, inadequate inject pressure, and low melt temperature. For the 
aluminium alloys with high Fe content, the Fe-rich phases formed at the early stage of the 
solidification prevent the melt flow through the feeding channels and therefore promote the 






Fig. 2.6 Hydrogen solubility in liquid pure aluminium and binary aluminium alloys at 1 atm. 
hydrogen partial pressure [49]. 
 
Gas porosity is predominately caused by hydrogen in the melt, trapped air, steam and by-products 
from organic lubricants used in the HPDC process [9]. Hydrogen is the only gas soluble in 
aluminium [49]. It is over 10 times more soluble in liquid Al than in solid Al, and hence is rejected 
from the solid phase into the inter-dendrite/granular liquid during solidification. Gas pores form 
when sufficient super saturation of hydrogen in the liquid occurs. The percentage and size of 
porosity increases by increasing the initial hydrogen content [50]. The alloy composition can alter 
the initial hydrogen level in the melt [49]. In liquid aluminium, Si, Cu, Zn and Fe can decrease the 
solubility of hydrogen, whereas Mg can increase this, as shown in Fig. 2.6. On top of the alloy 
composition, the hydrogen solubility increases when the melt temperature is increased. 
(b) Hot Cracking/Hot Tearing  
Hot cracking/ hot tearing normally occurs during the last part of solidification in the casting where 
there is a big change with the configurations and re-entrant angles in the die [51, 52]. Since those 
parts are thicker than other sections, it takes longer for the melt to solidify due to the heat being 
difficult to release. Besides the die shape, the alloy composition could also have an effect on the 




governed by the alloy composition, can strongly affect the hot cracking formation. A longer 
freezing range can result in the pre-solidified dendrites interlocking the melt flow path, which in 
turn leads to the last part of solidifying without melt filling and thus forming cracks [53]. Elements 
like Zn, which have a low melting temperature, can lead to a wider solidification range and 
increase the risk of hot tearing. For alloys close to eutectic composition, the majority of the liquid 
solidifies isothermally at a small temperature range. If the contraction of stresses occurs, the 
developed cracks can be healed by backfilling the remaining melt [53].  
 (c) Cold Shuts or Cold Laps 
Cold shuts or cold lap defects are namely the casting surfaces with lines marking the boundary 
between different flow patterns. The formation of cold shuts or cold laps is mainly due to imperfect 
fusing of molten metal coming together from opposite directions during die filling [55-57]. A poor 
die design and improper controlled casting parameters could lead to both cold shuts and cold laps. 
A wide surface, a thin section, or areas in the die cavity with melt streams converge have more 
chance of forming cold shuts [39]. Low die temperature, low melt temperature, low gate velocity 
and long filling time could all result in the metal streams temperature dropping down before 
completely mixing together [3, 39]. Besides the processing parameters, a poor gate and runner 
design, an inadequate venting system and an extra thin section in the die could also cause a poor 
flow pattern during the die filling. Thus, to eliminate the cold shut, a proper designed die with a 
good melt flow pattern, higher melt casting temperature and die temperature and higher feeding 
speed is necessary.  
 (d) Defect Band 
Banded defects are often observed in HPDC parts which include segregation, porosity and/or hot 
tearing [58, 59]. The formation of the defect band is closely related to the solidification process 
during HPDC [59, 60]. Since the melt is partly solidified in the shot sleeve, the melt entering the 
die cavity contains a solid phase. During the die filling, there is a gradient of solid fraction away 
from the die wall and the movement of solidified particles towards the centre of the sample (i.e. 
higher solid fraction at the centre). Fluid dynamics suggest that dendrites will concentrate towards 
the centre with the liquid concentration against the immobile mush at the wall, where deformation 
is concentrated thus forming a shear plane [55]. There is a critical fraction solid existed at which 
the volumetric flow rate of the liquid through the dendrite network is not able to deform the 
structure [55]. If the stress from the flowing liquid exceeds the solid structure strength, the weakest 




deformation occurs before dendrite coherency, segregation will form. Whilst plane deformation 
occurs at a high solid fraction, pores or tears occur. High intensification pressures can greatly 
reduce both the risk of tearing along the bands and the segregation levels inside the band by 
backfilling the remaining melt [55, 61].  
(e) Soldering  
The soldering in HPDC normally happens when the alloy is low in Fe content, which results in 
casting components adhering to the die surface [39, 62, 63]. The molten aluminium is very 
aggressive to the die steel and it tends to corrode the die surface and inter-diffusion occurs during 
melt contact with the die. The Fe dissolves into the alloy but Al and Si diffuse into the steel surface 
forming an intermetallic layer [64]. The formed intermetallic layer is normally hard and brittle with 
poor heat transfer characteristics and is difficult to be removed [65]. It makes the die surface rough, 
so more cast alloy can stick to it [65]. Thus the casting component sticks in the die cavity or causes 
drag marks on the component surface during the ejection. When alloy, with a higher Fe 
concentration, diffuses at a rate of Al into the die surface, this can be reduced to decrease the 
tendency of soldering [64]. Beside the alloy composition, a poor design, poor die surface cleaning, 
inadequate die cooling and insufficient die lubrication can also lead to the die soldering [66]. To 
eliminate the die soldering, it is essential to maintain the Fe content in the diecasting alloy at a 
proper level and provide sufficient lubricants on the die surface [64-66].  
2.2 Aluminium Alloys used in the HPDC Process 
The HPDC process requires alloys with superior castability, die soldering resistance and good 
resistance to cracking during solidification. A number of cast aluminium alloys can be used for the 
HPDC process. The existing die cast aluminium alloys mainly contain the alloying elements of Si, 
Cu, Mg, and Fe. The registered composition and mechanical properties are summarised in Table 
2.1 and Table 2.2. The majority of the alloys are Al-Si, Al-Si-Cu, Al-Si-Mg, and Al-Si-Cu-Mg 
based and the minority of the alloys are Al-Mg and Al-Mg-Si based alloys. The mechanical 
properties of those alloys are dependent on the alloy composition. In this section, the review will 
focus on the die cast alloys. 
 
Table 2.2 Typical mechanical properties of aluminium alloys for the HPDC process [10, 46, 67]. 
Alloy 
 



























360 Al-Si-Mg F 305 170 3 
A360.0 Al-Si-Mg F 315 165 4 
380 Al-Si-Cu F 315 160 3 
A380.0 Al-Si-Cu F 325 160 4 
383 Al-Si-Cu F 310 150 4 
384 Al-Si-Cu F 330 165 3 
390 Al-Si-Cu-Mg F 280 240 <1 
B390.0 Al-Si-Cu-Mg F 315 250 <1 
392 Al-Si-Cu-Mg F 290 270 <1 
413 Al-Si F 295 145 3 
A413.0 Al-Si F 290 130 4 
C443.0 Al-Si F 230 95 9 





Table 2.1 Compositions of registered aluminium alloys for the HPDC process [10, 46, 67]. 
 
           
other 
 Alloy Si Fe Cu Mn Mg Cr Ni Zn Sn Ti Each Total Al 




0.1 0.35 Bal. 
360 9.0-10.0 2 0.6 0.35 0.4-0.6 
 
0.5 0.5 0.15 
  
0.25 Bal. 
A360.0 9.0-10.0 1.3 0.6 0.35 0.4-0.6 
 
0.5 0.5 0.15 
  
0.25 Bal. 
361 9.5-10.5 1.1 0.5 0.25 0.4-0.6 0.2-0.3 0.2-0.3 0.5 0.1 0.2 0.05 0.15 Bal. 
364 7.5-9.5 1.5 0.2 0.1 0.2-0.4 0.25-0.5 0.15 0.15 0.15 
 
0.05 0.15 Bal. 
369 11.0-12.0 1.3 0.5 0.35 0.25-0.45 0.3-0.4 0.05 1 0.1 
 
0.05 0.15 Bal. 
380 7.5-9.5 2 3.0-4.0 0.5 0.1 
 
0.5 3 0.35 
  
0.5 Bal. 
A380.0 7.5-9.5 1.3 3.0-4.0 0.5 0.1 
 
0.5 3 0.35 
  
0.5 Bal. 
B380 7.5-9.5 1.3 3.0-4.0 0.5 0.1 
 
0.5 1 0.35 
  
0.5 Bal. 
383 9.5-11.5 1.3 2.0-3.0 0.5 0.1 
 
0.3 3 0.15 
  
0.5 Bal. 
384 10.5-12.0 1.3 3.0-4.5 0.5 0.1 
 
0.5 3 0.35 
  
0.5 Bal. 
A384.0 10.5-12.0 1.3 3.0-4.5 0.5 0.1 
 
0.5 1 0.35 
  
0.5 Bal. 
385 11.0-13.0 2 2.0-4.0 0.5 0.3 
 
0.5 3 0.3 
  
0.5 Bal. 




0.2 0.1 0.2 Bal. 




0.2 0.1 0.2 Bal. 
392 18.0-20.0 1.5 0.4-0.8 0.2-0.6 0.8-1.2 
 
0.5 0.5 0.3 0.2 0.15 0.5 Bal. 




0.1-0.2 0.05 0.15 Bal. 
413 11.0-13.0 2 1 0.35 0.1 
 
0.5 0.5 0.15 
  
0.25 Bal. 
A413.0 11.0-13.0 1.3 1 0.35 0.1 
 
0.5 0.5 0.15 
  
0.25 Bal. 
C443.0 4.5-6.0 2 0.6 0.35 0.1 
 
0.5 0.5 0.15 
  
0.25 Bal. 




0.05 0.15 Bal. 
516 0.3-1.5 0.35-1.0 0.3 0.15-0.4 2.5-4.5 
 
0.25-0.04 0.2 0.1 0.1-0.2 0.05 
 
Bal. 
518 0.35 1.8 0.25 0.35 7.5-8.5 
 






2.2.1 Al-Si Based Alloys 
Si is the most popular element used in cast aluminium alloys. The addition of Si to aluminium 
forms a binary eutectic alloy with a eutectic point at 13wt.%Si, as shown in Fig. 2.7. Silicon has a 
high latent heat, which is 4.5 times higher than aluminium [68]. Generally Al-Si alloys with 7-
18wt.% Si have excellent fluidity due to the narrow freezing range and low viscosity [10]. Unlike 
aluminium that shrinks, Si expands during solidification. This contributes to a lower shrinkage rate 
of the Al-Si alloys and a linear decrease of shrinkage with the increase of Si. The total shrinkage 
reaches zero when Si addition is at 25wt.% [10]. Even though Si has a lower electrolytic potential 
than aluminium, Al-Si alloys still have a good corrosion resistance like pure aluminium because Si 
is inert to most of the corrosive environments [68].  
 
Fig. 2.7 The equilibrium phase diagram of binary Al-Si alloy [69]. 
 
The mechanical properties of Al-Si alloys mainly depend on the morphology and distribution of 
the primary and eutectic phases. Al-Si alloys can provide better performance when mixed with fine 
and well distributed primary phases [70]. The faceted and acicular shaped Si phase contributes to a 




alloys as a function of Si concentration. The Si contributes to significant enhancement on the yield 
strength but with a dramatic decrease of the ductility. The popular Al-Si based alloys are 413.0, 
C443.0 alloys. The 413.0 alloy is a eutectic Al-Si alloy and has the best fluidity amongst cast 
alloys. Therefore it can be used to cast large and complex shape castings with thin wall thickness. 
The hypo-eutectic C443 alloy has 4.5-6 wt.% Si content, with a fair good castability. Therefore, it 
can only be used to make components requiring higher ductility and better corrosion resistance.  
 
Fig. 2.8 Mechanical properties of Al-Si alloy as a function of Si content in the alloy [71]. 
 
Fe is usually introduced into Al-Si die cast alloys to eliminate the die soldering [64-66]. However, 
Fe is detrimental to the mechanical properties of aluminium alloys. This is only because the solid 
solubility of Fe in aluminium is very low (max 0.052wt.%), and the majority of Fe is presented in 
the form of intermetallic compounds [1, 72]. A wide range of Fe phases are reported in literature 
[48, 68, 72-78]. In cast Al-Si alloys, the reported Fe-rich intermetallic phases include α (Al8Fe2Si), 
β (Al5FeSi), π (Al8Mg3FeSi6), δ (Al4FeSi2) and  -Al3FeSi [73, 76, 79, 80]. The Fe-rich intermetallic 
phase usually shows three different morphologies: polyhedral crystals, Chinese script and thin 
plates. When the Fe content is increased from 0.5 wt.% to 1.2 wt.%, in an Al-13 wt.% Si alloy, the 
ductility of the alloy is decreased dramatically from 12.3% to 0.4 % due to the formation of the 
needle or platelet intermetallic phase [48]. The intermetallic phase in the microstructure acts as a 
stress raiser and introduces brittleness of the alloy. Since the large Fe needles are formed at the 
early stage of solidification, they can potentially prevent the melt flow and cause an insufficient 





Manganese is one of the most common alloying additions in aluminium alloys, which is able to 
neutralise the detrimental effect of Fe by modifying the morphology and type of the Fe-rich 
intermetallic phases [68, 72]. Mn usually combines with Fe to form Al6FeMn and Al15(Fe, Mn)3Si2, 
which tends to solidify in Chinese script or compact morphology, thus reducing the brittle effect of 
Fe [81]. The Mn addition normally requires no less than a half of the iron content when the Fe > 
0.45 wt.% [48]. Moreover, the addition of Mn can contribute to a limited increase in strength and 
fatigue resistance due to the limited solid solution strengthening of Mn [68]. However, since the 
addition of Mn can result in an increase of the total amount of (Mn, Fe)-rich intermetallics, sludge 
will be formed. Sludge formation occurs in HPDC when a lower melt holding temperature and 
casting temperature is used. Since Mn, Fe and Cr are the main causes of the sludge formation, 
formula 1×wt.%Fe +1.5×wt.%Mn +2×wt.% Cr < 1.85 is generally used as an index to check 
whether there is a risk for sludge formation [46, 68]. On the other hand, ntermetallics have a high 
melting temperatures and high specific gravities, which cause them to settle to the bottom of the 
melt. Once those pre-solidified phases mix into the final casting component, they act as hard spots 
and are detrimental for the mechanical and physical properties of the cast part [72].  
2.2.2 Al-Si-Cu/Zn/Mg Based Alloys 
In order to increase the strength of Al-Si based die cast alloys, 3- 5 wt.% Cu is introduced to the 
Al-Si alloys. With the increase of the Cu content, hardness increases, but the strength and ductility 
exhibit different behaviours [71]. When Cu is present in solid solutions as evenly distributed 
spheroidal particles, maximal strengthening can be achieved [71]. Whilst the Cu phase is present as 
a continuous network at grain boundaries, it has little enhancement on strength but a significant 
decrease on ductility. As the solidus temperature of the alloy is significantly decreased by the Cu 
addition, the solidification range of the alloy is increased. This increases the risk of forming hot 
tearing. The Cu-containing aluminium alloys normally have a low corrosion resistance because Cu 
can disperse in the aluminium oxide film and prevent complete passivation [10]. 380.0 alloy is a 
typical Al-Si-Cu based alloy for HPDC, which shows good castability, high mechanical properties 
(yield strength 160MPa, UTS 315MPa and elongation 3%) and large tolerance of impurities.  
 
With a desired high strength, Zn can be added into Al-Si-Cu. Zinc has high solubility in aluminium 
in a solid state, but no visible and detectable second phase can be formed up to 1wt.% Zn [10]. 
When Zn combines with Mg it forms MgZn2, which can significantly increase the strength of 




Mg. It shows a relatively high yield strength of 250 MPa and low ductility of <1%. Due to the high 
content of Cu and Zn in the alloy, more attention is required to prevent the formation of hot tearing 
in castings. 
 
Mg is the basis for strength and hardness development in heat treated aluminium-silicon alloys [10]. 
With a small amount of Mg addition into Al-Si alloys, Mg combines with Si and forms Mg2Si 
phase, to strengthen the alloy. With a T6 heat treatment, Mg2Si precipitates from the matrix and 
contributes to a superior strengthening effect. As there is limited solubility of Mg2Si in α-Al, the 
useful solubility of Mg2Si limit corresponds to approximately 0.70% Mg, beyond which either no 
further strengthening occurs or matrix softening takes place. The Al-Si-Mg series alloys (i.e. 360.0) 
are also considered as a general purpose alloy with good castability and good strength (yield 
strength 170 MPa, UTS 305MPa and elongation 3%). When the Mg addition ranges from 0.4 wt.% 
-0.6 wt.%, the Mg2Si phase increases the strength and hardness at the expense of ductility and 
impact strength [10]. Since the lower electrolytic potential of magnesium, the Al-Si-Mg alloys 
have a higher corrosion resistance [68].  
2.2.3 Al-Mg Based Alloys 
In comparison with Al-Si based die cast alloys, the Al-Mg based die cast alloys require more care 
in gating, with the position and size being of increased importance. There needs also a better 
control of the temperature gradients due to the greater risk of hot tearing and oxidising tendencies 
[82] .Thus, a limited number of Al-Mg alloys are currently used in the HPDC process. Al-Mg 
alloys have high strength and good ductility, good machinability, weldability and an attractive 
appearance whether as-cast, machined, polished or anodised [83]. With the increase of the Mg 
content in Al-Mg alloys, both yield strength and UTS can significantly increase but with a 
reduction of ductility. The Al-Mg alloys (i.e. 518) have a high corrosion resistance, high strength 
(yield strength 193MPa, UTS 310MPa) and high ductility (elongation 5%), thus can be used for 
simple shaped components where good corrosion resistance is needed due to its poor castability.  
 
Due to the strict regulation in CO2 emissions, a renewed interesting for Al-Mg alloys has attracted 
more attention in the past 20 years. Many trails have been conducted all over the world to extend 
the application of Al-Mg based alloys in the automotive industry. However, due to the poor 
castability of Al-Mg alloys, the application of cast Al-Mg alloys are still in limited area. However, 
the wrought Al-Mg alloys are very popular in nowadays. JLR, Honda, Ford and Audi automotive 




vehicle weight. In order to satisfy the increased demands from industry and avoid the problems 
arisen by Al-Mg alloys in manufacturing castings. Al-Mg-Si die cast alloys have grained more 
attention as they can provide moderate strength, high ductility and improved castability compared 
to the Al-Mg alloys. As the Mg2Si phase is the main strengthening phase in Al-Mg-Si alloys, the 
review of Al-Mg-Si die cast alloys will be presented in the following section.  
2.3 Al-Mg2Si Alloys 
Al-Mg2Si alloys are a special type of Al-Mg-Si based alloys in which the Mg:Si weight ratio is at 
1.73. Al and Mg2Si can form a pseudo-eutectic system. Mg2Si has a FCC (face-centred cubic) 
crystal structure with 12 atoms in a unit cell, four Si atoms at the corners and face-centred position, 
and eight Mg atoms, which form a cubic sub-lattice inside the unit cell, as shown in Fig. 2.9. Mg2Si 













) and a high elastic modulus 
(120GPa), as shown in Table 2.3. The advantages of Al-Mg2Si alloys include: 1) the low cost raw 
materials, 2) low density of Mg2Si and 3) improved mechanical properties in comparison with the 
Al-Si-Cu system. 
 
Fig. 2.9 Crystal structure of Mg2Si. 
 
Table 2.3 Physical and mechanical properties of Mg2Si 







) 1.88 Thermal conductivity (W/m·K) 8 
Yong‟s Modulus (GPa) 120 Specific heat (J/mol·K) 73.3 
Hardness (HV) 450 Vapour pressure at Tm (mbar) 450 
Compression strength (MPa) 1670 Heat of formation (KJ/mol) ~80 
Ductile/brittle transition temperature(°C) ~450 Dope semiconductor electron mobility μn (m
2
/V·s) 0.25 






2.3.1 Microstructure Evolution of Al-Mg2Si Alloys 
According to Zhang et al. [36], the eutectic point of Al-Mg2Si pseudo-binary systemis around 
13.9wt.%Mg2Si as shown in Fig. 2.10. It is seen that the Al-Mg2Si alloys can be classified into 
three categories: hypo-eutectic alloy, eutectic alloy and hyper-eutectic alloy. When the alloy 
composition is within the hypo-eutectic region, the prior phase is α-Al, followed with the eutectic 
α-Al/Mg2Si. The alloy liquidus decreases by increasing the Mg2Si content before the eutectic point. 
The alloy liquidus reaches its minimal at 13.9wt.%Mg2Si, which corresponds with the formation of 
Al/Mg2Si eutectic phase. When the Mg2Si concentration is over 13.9wt.%, the prior phase is Mg2Si. 
Alloy liquidus increases with the increase of the Mg2Si content at hyper-eutectic alloy. 
 






Fig. 2.11 Effect of cooling rate on the morphology of primary Mg2Si phase in a wedge casting 
from top to tip zone (a)-(d), the tip part has the highest cooling rate of ~1000°C/s [84]. 
 
Li et al. [85] pointed out that the solidification rate can greatly affect eutectic Mg2Si morphology. 
The eutectic Mg2Si grows into a laminar structure under a low growth rate. The laminar to rod-like 
morphology transformation occurs when the growth rate is higher than 1.1×10
-5
m/s. Whilst 
eutectic Mg2Si can grow with preferred orientation along the <100> and <111> directions with a 
lower growth rate below 1.5×10
-5
m/s when G= 6.3×10
3
K/s. Moreover, Mg2Si is the leading phase 
during eutectic reaction. Similarly, the cooling rate can also greatly affect the morphology of the 
primary Mg2Si phase [84]. Zhang et al.[84] reported that the cooling rate ranges from 100 to 
1000K/s in a wedge Cu mould, resulting in the formation of various shaped primary Mg2Si phase. 
The low cooling rate at 100 K/s promotes the formation of equiaxed primary Mg2Si phase. The size 
of the Mg2Si phase decreases with the increase of the cooling rate. Dendritic microstructure forms 
at the highest cooling rate, as shown in Fig. 2.11. 
2.3.2 Refinement and Modification of the Mg2Si Phase and Mechanical 
Properties of Al-Mg2Si Alloys 
Besides the casting process, the mechanical properties of an alloy mainly depend on the 
microstructure and defect level in the castings. The coarse eutectic and primary Mg2Si phase can 




existing research were on the refinement and modification of the Mg2Si phase [18, 23, 27-30, 32, 
33, 35, 86, 87]. As mentioned earlier, a high cooling rate can significantly refine the Mg2Si phase. 
However, a high cooing rate is not constantly applicable in foundry practice. The most common 
techniques in modification and refinement of Mg2Si are based on the addition of the appropriate 
elements to nucleate the Mg2Si phase, or alter Mg2Si crystal interfacial energy to change the 
growth mode [32].  
 
Zhang et al. [17] reported that mixing salt with NaCl, NaF and KCl at a ratio of 15:35:10 (wt.%) 
refined the primary Mg2Si in Al-Mg2Si alloys with different Mg2Si content. The average size of the 
primary phase decreased from 75 to 20µm with 10wt.% of the salt mixture and the morphology of 
Mg2Si phase changed from an irregular to polyhedral shape. However, even with a reduced size of 
Mg2Si phase, the improvement in the mechanical properties of the alloy is negligible. Quin et al. 
[24] studied the effect of P on the microstructure and growth mode of the Mg2Si crystals in a 
hyper-eutectic Al-Mg2Si alloy. They found that the Mg2Si morphology changed from dendritic to 
equiaxed and polygonal with P addition; and the grain size is reduced from 200-300 to 20-50µm. A 
similar result was also reported by Li et al. [18] in an Al-12.67Mg-10.33Si alloy. Ren et al. [87] 
reported that the addition of Sb was able to refine the primary Mg2Si from 52 to 25μm. They 
claimed that the refinement of the primary phase is due to the formation of small Mg3Sb2 particles 
as nucleation sites, which had been observed inside the Mg2Si phase. However, refinement cannot 
improve the mechanical properties of Al-Mg2Si alloys. Recent studies by Emamy et al. [27] 
suggested that the rare earth element yttrium modified eutectic Mg2Si from flake-like to fine fibres, 
or rod-like, without changing the primary Mg2Si phase, although hardness, UTS and elongation 
were slightly increased. Boron [26], chromium [30] and alkali metals such as Li [25], Na [28] are 
also reported to be able to refine/modify primary and eutectic Mg2Si phases. However, the 
refinement had limited improvement on the mechanical properties. The mechanical properties of a 
hyper-eutectic Al-Mg2Si alloy are relatively low before and after refinement/modification, which is 
summarised in Table 2.4.  
 
Table 2.4 Mechanical properties of the Al-Mg2Si alloys with and without grain refinement 







     
Al-15Mg2Si/salt   163/166 [17] 
Al-20Mg2Si/salt   163/174 [17] 
Al-25Mg2Si/salt   130/137 [17] 




Al-15Mg2Si/0.5 wt.% Y 80/85 2.5/4 247/292 [27] 
Al-15Mg2Si/0.3 wt.% B  2/3.5 252/273 [26] 
Al-15Mg2Si/2 wt.% Cr 70/50 2/4.5 240/265 [30] 
Al-15Mg2Si/2 wt.% Cr*  2/3 140/175 [25] 
Al-15Mg2Si/0.1wt.% Na  3.3/4.5 240/270 [28] 
*Test sample is 5mm thick flat samples; the others are 6mm round samples. 
 
Most of the existing studies relate to hyper-eutectic Al-Mg2Si alloys and there is limited 
information on hypo-eutectic Al-Mg2Si alloys. According to available literature, studies for hypo-
eutectic Al-Mg2Si alloys are mainly based on the 6000 series wrought alloys [88-93] where the 
concentration of Mg and Si is low (0.15-0.4at.% Mg, 0.13-0.2at.% Si), and the alloy can be heat 
treated for strengthening [85]. Those alloys are widely used for automotive and aircraft due to their 
light weight and good mechanical properties, formability and weldability [92]. 
 
The recently developed Al-Mg-Si alloys by Ji et. al. [94], AlMg5Si2Mn, can be considered as a 
hypo-eutectic Al-Mg2Si alloy. However, it contains excess Mg [2, 94]. This alloy is diecastable to 
produce fine primary and eutectic phases, as shown in Fig. 2.12. The increase of Mg content in the 
alloy can increase the yield strength but will sacrifice the ductility. The increase of the Mg content 
not only increases the alloy strength, but also reduces density of the alloy, which results in a further 
reduction of component weight. This gives us a hint that hypo-eutectic Al-Mg2Si alloys are able to 
provide a higher strength with further modification and refinement. 
 
 




2.3.3 Formation of Mg2Si with Excess Mg in Al alloys 
Hekmat-Ardakan and Ajersch [95] reported that various amounts of additional Mg in an A390 (Al-
17 %Si-4.5%Cu-0.5Mg) results in the formation of the Mg2Si phase in the microstructure. There 
are three Mg addition levels at which Mg2Si intermetallics form at different reactions, as shown in 
Fig. 2.13. When the Mg content is below 4.2 wt.%, the Mg2Si intermetallic phase only appears in 
the ternary eutecitc zone. When the Mg content is between 4.2 wt.% and 7.2 wt.%, Mg2Si phase 
can be formed in both ternary eutectic zone and ternary eutectic reaction. Primary Mg2Si phase 
forms when the Mg content is above 7.2 wt.%. Lin et al. [96] also found that 4 wt.% Mg in Al-19Si 
alloy results in the formation of the primary Mg2Si phase. The yield strength can be slightly 
increased and the ductility further decreases by the addition of Mg in the hyper-eutectic Al-Si 
alloys [95-97]. 
 
From the review on Al-Mg2Si related alloys, it is seen that hyper-eutectic Al-Mg2Si alloys are not 
able to offer the desired strength, even after the refinement of the microstructure, whereas hypo-
eutectic Al-Mg2Si alloys have a good combination of strength and ductility. More importantly, 
strength can be further improved by excess Mg and other alloying elements, although there has 
been limited study in this area. Moreover, it is more significant to the automotive industry if the 
Al-Mg2Si alloy can be processed by HPDC. Therefore, it is necessary to investigate the effect of 







Fig. 2.13 The effect of Mg on the transition reactions and corresponding temperatures of A390 
alloys [95]. Critical points are at 4.2% and 7.2% Mg. The shaded zone shows the solidification 
interval of Mg2Si intermetallic phase for different Mg. 
 
2.4 Heat Treatment of Aluminium Alloys 
Heat treatment is applicable for aluminium alloys containing Cu, Mg & Si, Mg, Si, & Cu, and Mg, 
Cu & Zn, which can improve their mechanical properties by solution strengthening and 
precipitation strengthening. This has been used in industry as a common procedure for Al-Mg-Si 
wrought alloys. Dependent on alloy composition, the casting process and desired mechanical 
properties, a number of heat treatment processes have been successfully applied in industry. 
Detailed heat treatment and designation systems for aluminium alloys are shown in Table 2.5, in 
which T6 is typical applied for research and development because it contains solution and ageing.  
 




1. Solution treatment at a relative high temperature to dissolve Cu, Mg or Zn rich particles, 
which are formed during solidification and obtaining a homogeneous supersaturated 
structure. 
2. Quenching in oil or water to maintain the supersaturated structure. 
3. Age hardening in which the supersaturated solid solution structure starts to participate 
either at room temperature (nature ageing) or at an elevated temperature (artificial ageing).  
Because the die cast aluminium alloys are mostly based on Al-Si-Cu/Mg, they are potentially heat 
treatable to improve the mechanical properties. Studies have proved that a quick heat treatment can 
be used in the HPDC process [40, 54, 98-106]. The following section will review the heat 
treatment for aluminium alloys, especially the alloys produced by HPDC. 
 
Table 2.5 Heat treatment system for aluminium alloys. 
Suffix Treatment 
W Unstable temper applied for alloys which age spontaneously at room temperature after 
solution treatment. Only specific if followed by the time of natural ageing 
T1 Cooled from an elevated temperature forming process (partial solution) followed by 
natural ageing 
T2 Cooled from an elevated temperature forming process, cold worked and naturally aged 
T3 Solution heat treated, quenched, cold worked and naturally aged 
T4 Solution heat treated, quenched and naturally aged 
T5 Rapidly cooled from elevated forming temperature and then artificially aged 
T6 Solution heat treated, quenched and then artificially aged 
T7 Solution heat treated, quenched and over aged 
T8 Solution heat treated, quenched, cold worked and then artificially aged (amount of cold 
work in % indicated by subsequent digit) 
T9 Solution heat treated, quenched, artificially aged and then cold worked 
T10 Cooled from an elevated temperature forming process, cold worked and then artificially 
aged 
 
2.4.1 Solution treatment 
Solution treatment is normally carried out at a relative high temperature, close to the alloy eutectic 
temperature, which can homogenise as-cast microstructure, dissolute the intermetallic such as 




solution process can be enhanced by increasing the solution temperature. Generally, cast Al-Si-Mg 
alloys can be solution treated at a higher temperature of around 540-550°C [107], whilst Cu-
containing alloys must be solution-treated at a lower temperature to prevent the melting of Cu-rich 
phases [112].  
 
In Al-Si-Mg alloys, Mg2Si is easy to dissolve due to the relative high diffusion rate of Mg in Al [42, 
107, 113]. However, the microstructure and Mg concentration can also affect the rate of solution 
treatment [42, 107, 113]. Rometsch et al. [42] reported that the Mg2Si phase could be dissolved 
within 2-4 mins and homogenization was achieved within 8-15mins in an A356 alloy, with a 
secondary dendrite arm spacing (SDAS) of 40µm at a solution temperature of 540°C. They also 
compared the A357 alloy, which had a coarser structure (SDAS 50µm) and higher Mg 
concentration. The solution time was extended to 50mins for dissolution and homogenization at the 
same solution temperature. Similar results have also been reported by other researchers [107, 113].  
 
For long period solution treatments, eutectic Si particles can be spheroidised. However, a longer 
solution time can also result in the spheroids coarsening [54, 114]. The solution treatment time for 
spheroidsation strongly depends on the morphology and size of the eutectic Si and the solution 
temperature. Sr modified fibrous eutectic Si is much easier to fragment and spheroidise than the 
unmodified large brittle flake shaped Si phase. It also takes a shorter time for solution treatment 
[107, 111, 113, 115]. Shivkumar et al.[107] reported that for Sr modified sand cast A356 alloy, 
3hrs to 6hrs at 540°C is sufficient for the spheroidsation eutectic Si phase. With a finer structure, 
the solution time can be reduced. Zhang et al. [113] reported that in a low pressure die cast Al-7Si-
0.3Mg alloy with SDAS 25µm, solution time of 30mins at 540°C is sufficient. Oris et al. [111] also 
reported for a thixocast Sr modified A356 alloy, this can be further reduced to 3mins at 540°C. The 
spheroidsation time of eutectic Si will take longer if the solution temperature is lower, for example 
8-16h at 495°C are needed for a Sr modified 319.1 alloy [115]. In an A356 alloy, with a secondary 
dendritic arm spacing (SDAS) of 40µm at a solution temperature of 540°C, the Mg2Si phase can be 
dissolved within 2-4mins and homogenisation can be achieved within 8-15mins [107]. 
 
Besides the Al-Si-Mg, Al-Si-Cu, Al-Si-Cu-Mg alloys, Al-Zn-Mg-Cu are also important heat 
treatable alloys [70]. However, there is no available cast Al-Zn-Mg-Cu alloy; only wrought alloys 
are available in nowadays. Extensive studies have been carried out for 7000 Al-Zn-Mg-Cu wrought 
alloys [116-120]. η (MgZn2), T (Al2Mg3Zn3), S (Al2CuMg) and θ (Al2Cu) are the four major 
soluble constituent phases in Al–Zn–Mg–Cu alloys [68, 110]. For η phase, it can be melted at 475–
478°C [121], T phase can be melted at 482°C [122], and S phase at 490–501°C [122, 123]. η 




for the solution treatment [120, 124]. It has been reported by Li et al.[123] that 72hrs at 470°C can 
fully dissolve the η phase but leave the S phase un-dissolved.  
2.4.2Ageing 
Age hardening is one of the most important methods for strengthening aluminium alloys [54, 70, 
125]. The strengthening effect is due to the coherent precipitates that are capable of been sheared 
by dislocations [70]. Ageing can increase the tensile strength, reduce residual stress and stabilise 
the microstructure. A wide range of mechanical properties can be obtained by controlling the 
ageing temperature and ageing time. At ambient temperature, precipitation can slowly occur, 
which is referred to as natural ageing. However, natural ageing requires a much longer time 
(normally taking months or even years), so artificial aging is normally applied in industry to 
improve mechanical properties [70]. Artificial ageing normally takes place at a temperature from 
90 to 260º, at which precipitation can be accelerated [54, 125].  
 
At elevated temperatures, atoms can move over a larger distance and the precipitates formed 
during artificial ageing are normally much larger in size than the GP zone [54]. Semi-coherent 
precipitates, or metastable content precipitates, form when the GP zones have dissolved. The 
precipitates continue to grow by the diffusion of atoms from the supersaturated solid solution to the 
precipitates in accordance with Ostwald ripening, until the finish of the supersaturation [54, 125]. 
Dependent on the alloy thermal history, composition, the ageing temperature and the length of each 
step in the sequence varies [54, 125]. Hardening is normally obtained from partially coherent 
precipitates [54, 125]. 
 
In Al-Si-Mg alloys, precipitation starts with the formation of Mg and Si atom enriched spherical 
GP zones. Needle shaped coherent β′′ first precipitates and further grows into semi-coherent rod 
shape β′. These finally become non-coherent plate shaped stable β phase, as shown below[126]:  
 
αss → GP Zones → β′′-Mg 2Si→ β′ -Mg 2Si → β -Mg 2Si 
 
It is reported by Zhang and StJohn [108] that a large number of β′′ phase with a diameter of 2-5nm 
and a length of 10-20nm can be observed in the peak aged condition. With longer ageing time, the 
lengths of those needles are increased. Then increasing the Mg content, Taylor et al. [109] reported 
that the peak yield strength can be increased. With a higher ageing temperature, ageing time can be 




required at 210°C. However, the strength achieved at high temperature is lower than that at low 
temperature. This is mainly because the replacement of β′′ phase by β′ at a temperature above 
200°C contributes to the lesser strengthening effect [127].  
 
In Al-Zn-Mg-Cu alloys, there are two types of GP zones: GP zone 1 is a spherical 1-1.5 nm 
ordered structure and GP zone 2 is partly ordered thin Zn discs with 1-2 atom layers thick, which 
forms on (111)α. The main precipitation sequence that dominates the mechanical properties in 
commercial Al-Zn-Mg-Cu 7000 series alloys is: 
αss→ GP Zones → η′ → η 
Under the peak aged condition, the main precipitating phases are normally a mixture of η′ and η 
[119]. 
2.4.3 Heat Treatment for Diecastings 
The currently available HPDC alloys are mainly Al-Si-Cu and Al-Si-Mg based alloys, which can 
be heat treated to improve mechanical performance [70]. However, because of the turbulent flow 
during die filling, the HPDC castings usually contain high levels of porosities by entrapping air. 
Standard solution treatments are therefore not applicable because of surface blistering and 
dimensional instability. A modified T6 heat treatment process has been recently tried for Al-Si-Cu 
and Al-Si-Mg alloys, in which a short period of solution time is applied to the castings at 
conventional solution temperatures [40, 54, 98, 99, 101, 102, 105]. The rapid solution can prevent 
the surface blistering or dimensional instability [101, 103, 106]. Moreover, due to the fine 
microstructure generated by the HPDC process, a reduced time is capable of obtaining an adequate 
supersaturated solid solution of the solute elements [100, 102, 105, 106]. The spheroidsation of 
eutectic Si can be completed in 15mins at 540°C for an Al-7Si-0.43Mg-0.02Sr-0.013Fe alloy. 
15mins at 500ºC solution treatment for a 360 alloy and 15mins at 490ºC for a 380 alloy are able to 
produce blister-free specimens and are sufficient for further ageing treatments. Solution treatment 
at 490ºC for 15mins with cold water quenched the 380 alloy, elongation was doubled in 
comparison with that under as-cast condition, but yield strength was decreased by 30% [106]. 
Timelli et al. [102] observed that the spheroidising and coarsening of Si in die cast AlSi7MgMn 
alloys can be achieved at 475ºC for 15mins. 
 
Since an adequate supersaturated solid solution of the solute elements is achieved after the solution 
treatment, artificial ageing can be applied for further improvement of the mechanical properties 




mechanical properties of a die cast AlSi7MgMn alloy after T6 heat treatment. They found that the 
yield strength of the solution-treated samples at 475ºC for 15mins only slightly increased from 
130MPa to 140MPa after ageing. But the yield strength of the solution-treated sample at 525ºC for 
15mins significantly increased from 130MPa to 225MPa. Lumley et al.[106] reported that, after a 
solution treatment at 490 °C for 15mins, fine θ' precipitates were observed in A380 alloy after 
ageing at 150°C for 24hrs, as shown in Fig. 2.14. The mechanical properties were improved from 
174MPa to 356MPa for the yield strength, from 354MPa to 438MPa for the UTS, with only very 
little sacrifice of elongation from 4% to 3%. They also found that the addition of 2.9 wt.% Zn had a 
minor effect on mechanical properties and the slight increase of the Mg content greatly improved 
the mechanical properties after ageing treatment.  
 
 
Fig. 2.14 TEM images of (a) the as-cast structure showing large θ' precipitates and (b) the T6 
treated structure, showing well distributed fine θ' precipitates in an A 380 alloy [106]. 
 
By increasing Cu and Mg contents simultaneously in A380 alloy, the highest strength can be 
achieved after the quick T6 heat treatment. Lumley et al. [101] found that the increase of Mg to 
0.4wt.% in the A380 alloy not only reduced the time to obtain peak hardness, but also increased the 
peak hardness value. This is in agreement with the results observed in the conventional T6 
treatment of the Al-Si-Cu alloy with Mg addition [128]. They also found that higher ageing 
temperatures can significantly decreased the ageing time to achieve a peak hardness value, but the 
peak hardness value was decreased with the increase of the ageing temperature. This was attributed 
to the higher ageing time, which resulted in the formation of the precipitates in lower density with 
a larger size. Moreover, a high ageing temperature also resulted in the precipitation of the Q′ phase 





Overall, although the quick heat treatment for the die cast samples can only apply a short solution 
time, it is sufficient to form the supersaturated structure in the die cast samples. Therefore, the 
mechanism of the quick T6 heat treatment during solution and ageing are the same with the 
conventional heat treatment. The quick solution treatment is able to significantly enhance the 
mechanical properties of diecasting s.  
2.5 Summary 
In the HPDC process, the unique characteristics in quality and cost efficiency are attractive in 
automotive applications. The high strength aluminium alloys are significant for reducing the 
weight of vehicles, achieving fuel efficiency and the environmental goal. However, the current 
available die cast alloys are unable to satisfy the requirements from the automotive industry.  
 
Mg2Si phase is less brittle than Si phase, as the hardness of Mg2Si phase (450Hv) is less than a half 
of Si phase (1148Hv) [96, 97]. The Al-Mg2Si alloys have an improved ductility in comparison with 
the Al-Si alloys when at a same concentration of Mg2Si and Si in the alloy. It is therefore feasible 
to develop a high strength die cast alloy on the basis of Al-Mg2Si alloys. However, Al-Mg2Si based 
alloys are normally cast using permanent mould or sand casting processes, in which the alloys 
usually exhibit a coarse primary Mg2Si phase in as-cast microstructure. This directly results in a 
less attractive performance and limits their applications [15, 18-35]. Research carried out for 
refining/modifying the primary and eutectic Mg2Si phase is beneficial for the improvement of the 
mechanical properties [17, 18, 26, 28, 29, 35, 36], but the improvement on the mechanical 
properties is not significant, particularly the strength and ductility. On the other hand, the hypo-
eutectic Al-Mg2Si alloys are capable of providing improved mechanical properties when other 
solute elements are introduced to form a multiple element system. More importantly, the addition 
of extra elements can improve the die castability of the alloy. The high cooling rate in the HPDC 
process is capable of producing a refined microstructure under as-cast condition. Therefore, the die 
cast Al-Mg2Si hypo-eutectic alloys should be able to provide improved mechanical properties. 
 
The present study aims to develop a die castable high strength aluminium alloy based on the Al-
Mg2Si system. In order to make the die castable Al-Mg2Si based alloys, the effect of excess Mg 
and other alloying elements such as Mn, Fe, Zn and Cu on the hypo-eutectic Al-Mg2Si system will 
be investigated. These elements are expected to modify the alloy microstructure and further 
improve the mechanical properties of the die cast alloy. The effect of alloying elements on the 




be investigated by the combination of the thermodynamic calculation and experimental validation. 
The CALPHAD calculation will be applied to understand the effect of the solute elements on the 
liquidus temperature, phase formation, microstructural evolution and solidification process. The 
calculation results will be used to guide experimental work and validate alloy composition. The 
microstructure and mechanical properties of the alloy will be examined to understand the effect of 
the selected elements. The relationship between the microstructure and mechanical properties will 
be further investigated to identify the strengthening mechanism in the alloys. Furthermore, the 
effect of heat treatment on the microstructure and mechanical properties of the alloy will be 






Chapter 3 Experimental Methods 
3.1 CALPHAD Calculation 
The CompuThermal PandaT 8.2 software (Fig. 3.1) is a powerful software program for calculating 
thermodynamic properties and phase diagrams in multi-component systems [8, 44, 129]. The 
calculations are based on models for the Gibbs free energy of each phase in a particular system [8, 
44, 129]. The thermodynamic parameters required for calculations are optimised and achieved by 
data collected from published journals and other commercial thermodynamic databases, therefore 
the model fits the available experimental data for a given phase [44, 129]. The temperature-
composition is used as a calculation space and one or more points in the temperature-composition 
space can be defined in each calculation [44, 129]. 
 
In the present study, the Al8 database was used to calculate phase formation, solid fraction, 
solidification range and non-equilibrium solidification curve in the Al-Mg2Si alloys with excess 
Mg and other solute elements. The Al8 database was loaded with 22 common elements and 182 
phases. Both the Equilibrium model and Scheil model were used during calculation. This enables a 
preview of the selected alloy in the liquidus, microstructural evolution and phase formation, 
solidification process, the effect of different solute contents on the phase formation and guidance in 
the experimental validation of the alloy in selected composition, melting preparation and casting 
processes.  
 




The section calculation was used to acquire the two-dimensional (2D) section of the Al-Mg2Si 
alloys with varied solute elements. Three non-collinear points in the calculation space were used to 
define a 2D section, as shown in Fig. 3.2. The calculation parameters are listed in Table 3.1. In the 
results shown in section 4.1, the isopleth sections of the Al-xMg2Si alloys with excess Mg were 
calculated. The Y-axis to the origin point was set with the temperature descending from 1000°C to 
0°C, and with the Mg:Si weight ratio of 1.73:1. The X-axis was set with an ascending of Mg at a 
constant Si. The Al was set as the remaining element. In the results shown in section 4.2-4.6, the 
effects of Mn, Fe, Mn+Fe, Mn+Zn, Mn+Cu in the Al-8Mg2Si-6Mg and Al-8Mg2Si-6Mg-0.6Mn 
alloys were studied. The isopleth sections of the Al-8Mg2Si-6Mg alloy with varied solute elements 
were set with the origin composition of Al-10.7Mg-2.9Si. The solidification ranges for the Al-
Mg2Si-Mg alloys with varied solute elements were acquired from the isopleth sections of each 
alloy system by calculating the temperature range between the solidus and the liquidus. The non-
equilibrium calculations were based on the Scheil model under 1 atmosphere pressure. The 
maximum temperature step was set at 4°C, and the calculation was stopped when the solid fraction 
was less than 0. The weight fraction of each phase and the concentration variation of different 










Table 3.1 The parameters for 2D calculation in the Al-Mg2Si alloys with varied solute elements 






























T(°C) 1000 0 0 
wt.% (Al) 92 92 82 wt.% (Al) 90 90 80 wt.% (Al) 86.4 86.4 85.4 
wt.% (Mg) 5.072 5.072 15.072 wt.% (Mg) 6.34 6.34 16.34 wt.% (Mg) 10.7 10.7 10.7 
wt.% (Si) 2.928 2.928 2.928 wt.% (Si) 3.66 3.66 3.66 wt.%  (Si) 2.9 2.9 2.9 
        wt.% (Mn) 0 0 1 







































T(°C) 1000 0 0 
wt.% (Al) 86.4 86.4 84.4 wt.% (Al) 85.8 85.8 83.8 wt.% (Al) 85.4 85.4 83.4 
wt.% (Mg) 10.7 10.7 10.7 wt.% (Mg) 10.7 10.7 10.7 wt.% (Mg) 10.7 10.7 10.7 
wt.%  (Si) 2.9 2.9 2.9 wt.% (Si) 2.9 2.9 2.9 wt.%  (Si) 2.9 2.9 2.9 
wt.% (Fe) 0 0 2 wt.% (Mn) 0.6 0.6 0.6 wt.% (Mn) 1 1 1 
    wt.% (Fe) 0 0 2 wt.% (Fe) 0 0 2 






























T(°C) 1000 0 0      
wt.% (Al) 85.8 85.8 80.4 wt.% (Al) 85.8 85.8 84.3     
wt.% (Mg) 10.7 10.7 10.7 wt.% (Mg) 10.7 10.7 10.7     
wt.%  (Si) 2.9 2.9 2.9 wt.%  (Si) 2.9 2.9 2.9     
wt.% (Mn) 0.6 0.6 0.6 wt.% (Mn) 0.6 0.6 0.6     
wt.% (Zn) 0 0 5 wt.% (Cu) 0 0 1.5     





Fig. 3.3 The interactive interface in the CumpuThermal Pandat 8.2 software for the solidification 
calculation and the calculation options.  
3.2 Melt Preparation 
In the present study, alloys were manufactured from commercial purity materials. The specific 
compositions of raw materials are shown in Table 3.2. CP-Al and CP-Mg were supplied by Norton 
Aluminium and Magnesium Elektron, respectively. The size of each ingot was 25 Kg for the CP-
Al and 7 Kg for the CP-Mg. The master alloy Al-50Si and Al-20Mn were supplied by Avon Metals 
Ltd and around 5kg for each ingot. The Al-46Fe was supplied by KBM Affilips and received as 
small slices with sizes ranging from 0.5 to 2 cm. It was smashed into small granules (1mm in 
diameter) before being used. The Al-5Be, CP-Cu and CP-Zn were supplied by William Rowland 
Limited. The Al-5Be and CP-Cu were received as extruded billets (1cm in diameter and 5 to 7cm 
in length) with about10g/billet for Al-5Be and about 40g/billet for the CP-Al. Zn was received as 
semi-spherical small ingots with 4cm in diameter and about a 200g/ ingot. . In each experiment, 
about 6-10 kg of melt was prepared in a A25 clay-graphite crucible with a dimension of 
210×280×155mm, and an electric resistance furnace was used to heat up the crucible and metals 
during melting, as shown in Fig. 3.4. The clay graphite crucible was coated with brine-nitride to 






Table 3.2 Composition of raw materials used in this study (wt. %)  
 
Si  Mg Mn Fe Ti Zn Cu others  Al 
CP*-Al 0.03 <0.001 0.001 0.08 0.006 0.003 0.001 
 
99.86 
CP-Mg 0.012 99.9 0.016 0.003 0.00 0.00 0.0007 <0.001 0.019 
Al-50Si 49.07 0.01 0.02 0.36 0.02 0.01 0.00 0.00 Bal 






    
Bal 
Al-5Be 0.019 0.016 <0.01 0.029 <0.01 <0.01 <0.01 Be 5.48 Bal 
CP-Cu 
      
99.99 
  CP-Zn 
      
99.99 





     










Table 3.3 Alloy compositions measured by optical mass spectroscopy in the present study. 
Alloy Si Mg Mn Fe Ti Zn Cu Be Al 
Effect of Mg on Al-Mg2Si alloys    (wt. %) 
Al-8Mg₂Si-2Mg 2.84 7.22 <0.01 0.09 <0.003 <0.007 <0.002 0.001 Bal. 
Al-8Mg₂Si-4Mg 2.83 8.97 <0.01 0.08 <0.003 <0.007 <0.002 0.001 Bal. 
Al-8Mg₂Si-6Mg 2.82 10.7 <0.01 0.09 <0.003 <0.007 <0.002 0.001 Bal. 
Al-8Mg₂Si-8Mg 2.86 13.3 <0.01 0.07 <0.003 <0.007 <0.002 0.001 Bal. 
Al-10Mg₂Si-2Mg 3.62 8.24 <0.01 0.09 <0.003 <0.007 <0.002 0.001 Bal. 
Al-10Mg₂Si-3.7Mg 3.63 9.97 <0.01 0.1 <0.003 <0.007 <0.002 0.001 Bal. 
Al-10Mg₂Si-6Mg 3.61 11.86 <0.01 0.08 <0.003 <0.007 <0.002 0.001 Bal. 
Al-10Mg₂Si-8Mg 3.64 13.74 <0.01 0.09 <0.003 <0.007 <0.002 0.001 Bal. 
Al-13Mg₂Si-0.7Mg 4.72 8.93 <0.01 0.11 <0.003 <0.007 <0.002 0.001 Bal. 
Al-13Mg₂Si-2Mg 4.71 10.19 <0.01 0.12 <0.003 <0.007 <0.002 0.001 Bal. 
Al-13Mg₂Si-4Mg 4.73 12.24 <0.01 0.08 <0.003 <0.007 <0.002 0.001 Bal. 
Al-13Mg₂Si-6Mg 4.74 14.32 <0.01 0.09 <0.003 <0.007 <0.002 0.001 Bal. 
Effect of Mn on Al-8Mg2Si-6Mg    (wt. %) 
0.2Mn 2.82 10.78 0.19 0.12 <0.003 <0.007 <0.002 0.001 Bal. 
0.4Mn 2.81 10.74 0.41 0.11 <0.003 <0.007 <0.002 0.001 Bal. 
0.6Mn 2.83 10.76 0.60 0.12 <0.003 <0.007 <0.002 0.001 Bal. 
0.8Mn 2.80 10.77 0.78 0.13 <0.003 <0.007 <0.002 0.001 Bal. 
Effect of Fe on Al-8Mg2Si-6Mg    (wt. %) 
0.3Fe 2.80 10.77 <0.01 0.31 <0.003 <0.007 <0.002 0.001 Bal. 
0.6Fe 2.83 10.80 <0.01 0.62 <0.003 <0.007 <0.002 0.001 Bal. 
0.9Fe 2.82 10.78 <0.01 0.91 <0.003 <0.007 <0.002 0.001 Bal. 
1.2Fe 2.81 10.76 <0.01 1.22 <0.003 <0.007 <0.002 0.001 Bal. 
1.6Fe 2.83 10.75 <0.01 1.59 <0.003 <0.007 <0.002 0.001 Bal. 
1.8 Fe 
  
<0.01 1.78 <0.003 <0.007 <0.002 0.001 Bal. 
Alloy Si Mg Mn Fe Ti Zn Cu others Al 
Effect of Fe on Al-8Mg2Si-6Mg-0.6Mn   (wt. %) 
0.3Fe 2.81 10.79 0.59 0.32 <0.003 <0.007 <0.002 0.001 Bal. 
0.6Fe 2.80 10.81 0.61 0.59 <0.003 <0.007 <0.002 0.001 Bal. 
0.9Fe 2.81 10.83 0.58 0.91 <0.003 <0.007 <0.002 0.001 Bal. 
1.2Fe 2.83 10.80 0.62 1.19 <0.003 <0.007 <0.002 0.001 Bal. 
1.6Fe 2.80 10.81 0.61 1.62 <0.003 <0.007 <0.002 0.001 Bal. 
1.8 Fe 2.79 10.82 0.60 1.79 <0.003 <0.007 <0.002 0.001 Bal. 
Effect of Zn on Al-8Mg2Si-6Mg-0.6Mn   (wt. %) 
1Zn 2.79 10.79 0.63 0.09 <0.003 1.22 <0.002 0.001 Bal. 
2Zn 2.83 10.78 0.62 0.11 <0.003 2.34 <0.002 0.001 Bal. 
3Zn 2.80 10.77 0.61 0.13 <0.003 3.21 <0.002 0.001 Bal. 
4Zn 2.81 10.78 0.62 0.11 <0.003 4.33 <0.002 0.001 Bal. 
Effect of Cu on Al-8Mg2Si-6Mg-0.6Mn   (wt. %) 
0.3Cu 2.81 10.82 0.62 0.09 <0.003 <0.007 0.31 0.001 Bal. 
0.5Cu 2.83 10.81 0.60 0.10 <0.003 <0.007 0.52 0.001 Bal. 
0.7Cu 2.80 10.79 0.61 0.09 <0.003 <0.007 0.73 0.001 Bal. 






(a) Preparing of Al-Mg2Si-Mg melts 
During the experiments, each element was weighed to a specific ratio with 5wt. % extra amounts 
for burning loss compensation during melting. In each experiment, about 6-10 kg of melt was 
prepared in a clay-graphite crucible. An electric resistance furnace was used to heat up the crucible 
and metals during melting. All elements, except Mg, were added into the crucible and heated up to 
750°C. After all the initial elements were melted, the melt was held at 750 °C for 3hrs for 
homogenisation and the Mg ingots were preheated at 200°C. Then the Al-Be master alloy was 
added at a level of 15ppm of Be, followed by the Mg ingots. After that, the melt was held at 750°C 
for 30mins for homogenisation, before degassing. 
 
For all the experiments, the melt was subjected to fluxing and degassing using commercial fluxes 
and rotary degassers with N2.The degassing process lasted around 1.5mins, with a rotate speed of 




Fig. 3.5 (a) Photo of the degassing machine used in experiments and (b) schematic diagram of the 
rotary degassing process. 
 
In the rotary degassing method, the rotor was immerged in the crucible under the melt surface and 
chemically inactive gas, N2, was purged through the rotating shaft and rotor. The rotating of shaft 
produced a large number of fine bubbles, which had a very high surface area-to volume ratio. 





the difference of the [H] partial pressure between liquid and N2 gas bubbles. Then the hydrogen 
was taken out of the melt through the bubbles. After rotary degassing, a granular flux was applied 
on the top surface of the melt to protect the melt.   
 
The sample for composition analysis was taken from the melt after degassing. A mushroom sample 
was made by casting the melt directly into a steel mould for the composition analysis. The 
mushroom sample was ground down to 800 grid abrasive grinding paper by removing a depth of 2 
- 5mm. The composition of each alloy was obtained from an optical mass spectroscopy, as shown 
in Fig. 3.6, in which at least five spark analyses were performed and the average value taken as the 
chemical composition of the alloy. 
 
 
Fig. 3.6 The optical mass spectroscopy for alloy composition analysis. 
(b) Addition of Mn 
The Mn additions were weighted at the required content with 5wt. % extra amounts for burning 
loss compensation during melting. An Al-20Mn master alloy was added into the crucible with the 
CP-Al and Al-50Si ingots. Due to the high melt temperature of the Al-20Mn master alloy, the melt 




(c) Addition of Fe 
The desired Fe additions were added into clay-graphite crucible together with the CP-Al, Al-50Si 
and Al-20Mn alloys. In order to guarantee composition uniformity, the melt was held up to 5 hours, 
with occasional stirring, to accelerate the dissolving process. Spark analysis was performed during 
the melt holding to confirm whether the Fe was fully dissolved. Since Fe significantly increases the 
liquidus of the Al-Mg2Si-Mg alloy, the holding temperature for the melt with Fe addition was 
100°C above its liquidus.  
(d) Addition of Cu 
Cu was added into the clay-graphite crucible with the CP-Al, Al-50Si and Al-20Mn. The burning 
loss of Cu is very low; therefore no burning loss was applied during melting. Due to the high melt 
temperature of the pure Cu, the melt was held at 750°C for 3hrs, with occasional stirring to 
homogenise the composition. 
(e) Addition of Zn 
Zn has a low melting temperature of 420°C. In order to reduce the burning loss, Zn was added into 
the melt, together with the Mg. Due to the relatively high density of Zn, mechanical stirring was 
also required to assist homogenisation. No burning loss is applied for Zn as it was under the 
protection of the melt.  
3.3 High Pressure Diecasting  
A standard cold chamber HPDC machine, DAK450-54, made by Frech Ltd. was used for 
producing tensile samples. The over view of the machine is shown in Figure 3.7, and the main 
technical parameters are shown in Table 3.4. The plunger diameter was 70mm, and the effective 
shot sleeve length was 50cm, as shown in Fig. 3.8. A set of die was used to make standard tensile 
test samples. The size of the samples were designed according to ASTM B557-06 [69]. The 
detailed structure of the diecasting, with biscuit and over flow, is shown in Fig. 3.4. Six tensile test 




and cooling the die to maintain it at a required temperature. During casting, the die block was 
heated by mineral oil at 250 °C. 
 
Table 3.4 Main parameters of DAK450-54 HPDC machine used for the present study. 
Locking force 5000 kN Max. injection force 548 kN 
Locking stroke 675 mm Injection stroke 500 mm 
Ejector force 241 kN Plunger diameter 60 – 100 mm (70 mm used) 
Ejector stroke 150 mm Casting volume 942 – 2617 cm
3
 















Fig. 3.9 Diagram of diecastings for the standard tensile testing samples of cast aluminium alloys 
according to the specification defined in the ASTM B557-06. The overflow and biscuit are 
designed in association with the cold chamber diecasting machine and the dimensions are in mm 
[131]. 
 
The steps for the HPDC process include: a) carefully clean the die surfaces of any material left 
from previous castings and coat with a graphite oil based lubricant to aid ejection of cast samples; 
b) transport the melt from the crucible by using a born nitride coated steel ladle and wait until the 
melt temperature reaches a pre-set temperature (60 °C above the alloy liquidus), then pour the melt 
into the shot sleeve of the HPDC machine; c) activate the HPDC machine to apply the shot 
according to the set profile of the plunger speed, position and pressure. The machine automatically 
runs through the cycle of injection, intensification, dwelling (while the casting fully solidifies) and 
finally ejection of the cast component.  
 
During casting, the weight of each shot was bout 800g. The injection profile for the speed and 
pressure are shown in Fig. 3.10. According to Fig. 3.9, the total ingate area is 1.2cm
2
, and the total 
area for the plunger is 38cm
2
. With the speed of the plunger shown in Fig. 3.11, the ingate speed is 
calculated as 32m/s. By comparing the calculated speed with the commonly used injection speed 
for aluminium alloys, which is 3-80 m/s and typically between 20 and 35m/s [30], the casting 





Fig. 3.10 The programed injection velocity and pressure profiles for the Frech DAK450-54 450 
tone cold chamber HPDC machine 
 
 
Fig. 3.11 The actual injection profiles of the piston forwarding along the shot sleeve and the 
pressure with the time after trigged at 430mm during HPDC process. 
 
3.4 Microstructure Observation and Analysis 
3.4.1 Sample Preparation for Microstructure Analysis 
Specimens for microstructural examination were cut from the middle of the round tensile samples 
and mounted in Bakelite by Buehler SimpliMet
®




grinded and polished by using a Buehler Automet
®
 250 machine. Varied grits of SiC abrasive 
papers (120#, 600#, 800#, 1200#, 2500#, and 4000#) were used to grind the mounted samples. The 
grinding times for each paper bellow 2500 grid were about 1.5min, and 30s for 2500 grid and 4000 
grid papers. Silica suspension (OPS) was used to polish the samples for 3-10min with a load of 5N. 
After polishing, specimens were cleaned in an ultrasonic bath (Engisonic B220) for 10 minutes to 
remove dirt from the surface. There was no etching on all samples because the solid fraction of α-





Fig. 3.12 (a) Graphical illustration of the cutting position for the microstructure observation, and (b) 





Fig. 3.13 (a) The photo of the Buehler SimpliMet 1000 machine for sample Bakelite mounting, and 







3.4.2 Optical Microscope 
A Zeiss Optical Microscope (OM) equipped with an AxioCam MRC digital camera and computer 
was used to observe microstructures from non-etched surfaces, as shown in Fig. 3.14. “Axioshop 
2MaT0” software was used to acquire pictures from digital camera and analyse the images. The 
microstructures of the alloy were taken at 1-2mm from the edge of specimens in order to get a 
representative structure. The grain size, shape factor, and volume fraction, porosity fraction were 
measured by using the automatic measurement program in the “Axioshop 2MaT0” software, as 
shown in Fig. 3.15. Manual adjustments such as contrast adjustment, phase selection, phase 
segregation were required during the automatic measurement. Five to ten different fields across the 
sample were analysed from each specimen, and the average was taken as the actual measurement 
value. Equivalent diameter is the diameter of a circle having the same area as that of the particle/or 
phase [132]. It can be calculated as: 









Fig. 3.15 The interactive interface of the automatic measurement program in the“Axioshop 2MaT0” 
software. 
 
3.4.3Scanning Electron Microscopy (SEM) 
The advantage of SEM over optical microscopy is the large depth of field and higher resolution, 
thus producing high resolution images at high magnification (up to 50,000 times). Some of the 
specimens used for optical microscopy were further examined by SEM examinations using a Zeiss 
Supra 35VP FEG scanning electron microscope, as shown in Fig. 3.16. For chemical composition 
analysis, the SEM was equipped with an energy dispersive X-ray spectrometer (EDX) and Oxford 
Instruments Inca. The data was then ZAF corrected. During experiments, a working voltage of 3-
20KV and a working distance of 8-10 mm were selected to take images. When the quantitative 
analysis was selected, a 20KV accelerating voltage was used and the system was calibrated with 
Cu before each session. The accuracy of the quantitative EDX was within 0.1%. To minimise the 
influence of the interactive volume, at least five analyses on selected grains were conducted for 







Fig. 3.16 The photo of Zeiss Supera 35 FEG scanning electron microscope (SEM) equipped with 
an energy dispersive X-ray spectrometer (EDX) facility. 
 
3.4.4 Transmission Electron Microscopy (TEM) 
Transmission Electron Microscopy (GEOL 2100F) was employed for the detail examination of 
specimens to confirm the presence of precipitates formed during heat treatment. The bright-field 
imaging was used to detect the precipitations in Al-Mg2Si-Mg alloys with Zn addition after heat 
treatment. The specimens for the TEM study were prepared from thin slides cut from the heat 
treated tensile samples in the middle. They were hand grounded using 2500 and 4000 grade SiC 
papers to a thickness of ~100μm. The thin slides were punched into Ø3 mm discs, which were 
further hand grounded followed by thinning with ion beam (PIPS, Gatan model 691) with a high 
angle of 8
o
 and a voltage of 5 kV for at the first 2hrs and further 4
o 
for 30mins at a voltage of 5kV 







Fig. 3.17 The photo of GEOL 2100F type transmission electron microscope. 
 
3.5 Mechanical Properties Measurement 
3.5.1 Tensile Test 
A universal materials testing machine, Instron
®
 5569, equipped with Bluehill software and a   
50KN load cell was used for the tensile tests, as shown in Fig. 3.18. The tensile test results 
including yield stress, ultimate tensile strength and Young‟s modulus were recorded by the Bluehill 
software during automatic testing. The stress (ζ) (calculated from the load) and strain (ε) 
(calculated from the extension) were either plotted as nominal stress against nominal strain, or as 
true stress against true strain. The yield strength was measured as 0.2% proof stress on the stress-
strain curve, the elongation was measured at the fracture strain and the UTS was measured as the 
fracture stress. All the round samples were tested at room temperature (25°C) with a 25mm gauge 




. The data 
was then collected from the average value of 10 to 15 samples without showing obvious casting 






Fig. 3.18 The photo of Instron
®
 5569 universal materials testing machine. 
 
3.5.2 Hardness Test 
The hardness of the heat treated samples was determined by a macro Vickers hardness tester (Fig. 
3.8). The heat treated flat samples with 5mm thickness were used for the test on the surface region. 
Before conducting experiments, a standard sample was used to calibrate the machine. The Vickers 
hardness test uses a square base diamond pyramid as the indenter. The included angle between the 
opposite faces of the pyramid is l36°. The Vickers hardness values are calculated by the formula 
[133]: 
   
          
  
        
 
  
  (3.2) 
Where P is the applied load and d is the diagonal length. A 10kg loading force and 10 seconds test 
time were applied in each test, α is the face angle of diamond which is 136 degrees. The values of 










Chapter 4 Results 
In order to develop a high strength alloy to meet the industrial requirements, the variables in 
alloying elements need to be thoroughly investigated. Because the cold chamber diecasting 
machine and the die block used for the present research have been fixed, extensive studies have 
been carried out and the results can be directly adopted for the parameters associated with the 
casting process for the standard tensile samples. The results in this chapter are organised as follows: 
Section 4.1 introduces the effect of excess Mg on the microstructure and mechanical properties of 
the die cast Al-Mg2Si system, in which the CALPHAD was conducted for the solidification and 
phase formation, followed by experimental confirmation. Section 4.2 describes the optimisation of 
Mn addition in the die cast Al-Mg2Si-Mg alloys. The results of the effect of Fe in the selected Al-
Mg2Si-Mg alloy, with and without Mn addition are given in section 4.3 and 4.4, in which the 
thermodynamics assessment and experimental validations were conducted. In Sections 4.4 and 4.5, 
the effect of Cu and Zn on the microstructure and the mechanical properties of the selected Al-
Mg2Si-Mg-Mn alloy are studied, respectively, on the basis of thermodynamic calculations and 
experimental research. The property enhancement by heat treatment on the optimised alloy is 
described in Section 4.7.  
4.1 Effect of Excess Mg on Al-Mg2Si System 
4.1.1 CALPHAD of the effect of Mg on Al-Mg2Si System 
Phase diagrams are visual representations of the state of a material as a function of temperature, 
pressure and concentrations of the constituent components and are, therefore, frequently hailed as 
basic roadmaps for alloy design, development, processing and basic understanding. The 
CALPHAD method is used to obtain a consistent description of the phase diagram and the 
thermodynamic properties. It can reliable predict the set of stable phases and their thermodynamic 
properties in regions without experimental information and for metastable state during simulations 
of phase transformations. The equilibrium calculation is an effective method to figure out the 
possible phases and the given composition of a particular phase in a system relying on the 




(a) Equilibrium Calculation  
The effect of the excess Mg content on the phase formation of the pseudo-eutectic Al-Mg2Si 
system is shown in Fig. 4.1. It is seen that the eutectic point for the formation of eutectic Al-Mg2Si 
phase was at 13.9wt.% Mg2Si, when no excess Mg was introduced into the system. With the 
increase of the amount of excess Mg content in the Al-Mg2Si system, the eutectic point was shifted 
to a lower Mg2Si content. For instance, when 6wt.% Mg was introduced into the Al-Mg2Si system, 
the eutectic point was at 8.1 wt%Mg2Si, which indicates a reduction of 42% in the eutectic Al-
Mg2Si phase. When the Mg content was further increased to 10wt.%, the eutectic point was shifted 
to 5wt.% Mg2Si. It is also seen that, unlike the alloys that have fixed temperature for eutectic 
reaction, there was a temperature range from 591°C to 578°C for the Al/Mg2Si eutectic reaction to 
occur in the Al-Mg2Si system depending on the concentration of the excess Mg. In the transit area, 
liquid phase and Al-Mg2Si eutectic phase co-existed. The increase of excess Mg decreased the 
starting temperature of the eutectic reaction but enlarged the transit zone for the eutectic reaction. 
For example, the transit zone was 13
o
C for Al-Mg2Si alloy without excess Mg. When 8wt.% 
excess Mg was added into the system, the eutectic reaction started at 586°C and finished at 531°C, 
giving a 55
o
C transit zone. Similar results are shown in Table 4.1 for different levels of excess Mg. 
Obviously, the enlarged transit zone was due to the reduction of the finishing temperature of the 
eutectic reaction, which can be clearly seen in Fig. 4.1. 
 
Fig. 4.1 Sectional equilibrium phase diagram showing the effect of Mg on the eutectic point, 













Table 4.1 Effect of excess Mg on the phase formation of Al-Mg2Si eutectic alloys. 
Alloy composition Al-Mg-Si Al-6Mg2Si Al-8Mg2Si Al-10Mg2Si 
Excess Mg (wt.%) 0 6 8 10 
Eutectic reaction point (Mg2Siwt.% ) 13.9 8.1 6 5 
Starting temperature for eutectic reaction (°C) 592 590 586 582 
Transit zone for eutectic reaction (°C) 13 34 55 77 
 
The shift of the eutectic point by excess Mg can be used to develop Al-Mg2Si based alloys because 
the precipitated phases in the alloy can be altered with Mg. This is proved by the calculated 
equilibrium phase diagram of the selected Al-Mg2Si system with excess Mg, as shown in Fig. 4.2. 
With 6wt.% Mg within Al-8Mg2Si and 3.7wt.% Mg within the Al-10Mg2Si system, the eutectic 
composition was achieved, respectively. The primary phase in a Al-Mg2Si could be easily altered 
by the excess Mg. The replacement of the primary α-Al phase not only varied the solidification 
route, but also varied the strengthening phase, which could result in a significant change in 
mechanical properties.   
 
The solidification range is one of the key factors determining the castability of an alloy, which is 
defined as the temperature range between the liquidus and the solidus. A narrow solidification 
range is preferred for cast alloys as it is beneficial for solidification with fewer shrinkage defects in 
the as-cast castings. The effect of excess Mg content on solidification ranges of the Al-8Mg2Si, Al-
10Mg2Si, and Al-13Mg2Si alloys was calculated under equilibrium solidification condition and the 
results are shown in Fig. 4.3. With the increase of the Mg content, the solidification ranges for the 
three alloys decreased first and reached to the minimum at the point close to their eutectic 
compositions and then increased linearly. For the Al-8Mg2Si alloy, the solidification range was 
39°C. It decreased to 18°C when 2wt.% Mg was introduced. However, the solidification range 
increased to 30°C when the excess Mg was 6 wt.%. Similar trends were seen for the Al-10Mg2Si 
and Al-13Mg2Si alloys. The corresponding minimum solidification range was 8°C for the Al-
10Mg2Si alloy with 2wt.% excess Mg, and 6°C for the Al-13Mg2Si alloy with 0.7wt.% excess Mg, 
respectively. This reveals that a lower excess Mg is required to obtain the minimum solidification 






















Fig.4.3 Effect of excess Mg on the solidification range of Al-Mg2Si alloys.  
 
(b) Non-Equilibrium Calculation  
Since solidification in a casting process is always a non-equilibrium process, the calculation 
according to the Scheil model is expected to offer more useful information for the phase formation 
of the Al-Mg2Si-Mg alloys under non-equilibrium conditions. The calculations were carried out for 
the Al-8Mg2Si, Al-10Mg2Si and Al-13Mg2Si alloys with different amounts of Mg content. The 
fractions of the primary phases (α-Al at hypo-eutectic and Mg2Si at hyper-eutectic composition), 
Al-Mg2Si eutectics and β-AlMg phase were calculated against the content of Mg, with the results 
being shown in Fig. 4.4. The three alloys exhibited different changes in phase fractions with 
increased Mg content. At the hypo-eutectic composition, the fraction of primary α-Al phase 
decreased and the solid fraction of Al-Mg2Si eutectic phase increased with the raise of Mg content 
in the Al-Mg2Si alloy. For the alloys with hyper-eutectic composition, the solid fraction of α-Mg2Si 
phase and Al-Mg2Si eutectics decreased with the increase of the Mg content. For the β-AlMg phase, 
it didn‟t exist for the Al-Mg2Si alloys without excess Mg. Once the excess Mg reached a certain 
level, the β-AlMg phase emerged and the solid fraction increased constantly with the increase of 
the Mg content. 
 
For the Al-8Mg2Si alloy (Fig.4.4a), the phases included the 51wt.% primary α-Al phase and 49wt.% 
Al-Mg2Si phase. With the increase of Mg in the alloy, the fraction of the primary α-Al phase 
decreased gradually but the fraction of Al-Mg2Si eutectic increased correspondingly. Both of them 
































and the maximum value of Al-Mg2Si eutectics was 0.944. When Mg exceeded 6wt.%, the alloy 
became a hyper-eutectic composition, where primary Mg2Si phase was formed as a prior phase. 
The fraction of the primary Mg2Si phase increased with the increase of Mg. For the β-AlMg phase, 
it is emerged when excess Mg was over 2wt.%, its fraction constantly increased with the raise of 
Mg in the alloy. At the alloy eutectic point of the alloy, the fraction of the β-AlMg phase reached 
to 0.05.  
 
Similar results were obtained for the Al-10Mg2Si alloy and Al-13Mg2Si alloys (Fig.4.4 b and c). 
No new phases were observed in these alloys in comparison with that in the Al-8Mg2Si alloy. 
However, the alloy compositions corresponding to the eutectic point and the emergence of the β-
AlMg phase were different. At the eutectic composition, the excess Mg was 3.7wt.% and the 
maximal fraction of Al-Mg2Si eutectics was 0.98 in the Al-10Mg2Si alloy. However, when the 
excess Mg was only 0.7wt.% and the maximal fraction of Al-Mg2Si eutectics was 99.7wt.% in the 
Al-13Mg2Si alloy. In the meantime, the β-AlMg phase emerged at 0.02 for the Al-10Mg2Si alloy 
and 0.7 wt.% for the Al-13Mg2Si alloy, which reached 0.17 and 0.03 at eutectic composition, 
respectively.  
 
The calculation results have indicated that the addition of Mg into Al-Mg2Si alloys can alter the 
eutectic reaction temperatures and compositions of the Al-Mg2Si eutectics, the solidification range 
and the formation of β-Al3Mg2 intermetallics. The variation in the solid fraction of phases in the as-
cast microstructure can directly affect the properties of cast alloys. Since Mg has a high solubility 
in aluminium, the excess Mg can significantly enhance the solution strengthening of the primary α-
Al. Moreover, the excess Mg also promotes the formation of Al-Mg2Si eutectics, by which the 
increased Mg2Si consumes Si in the alloy. As a result, the existence of excess Mg can increase the 
strength of Al-Mg2Si alloys. On the other hand, the solidification range can be adjusted with the 
excess Mg content in Al-Mg2Si-Mg alloys, which is critical for cast aluminium alloys. The 










Fig 4.4 Effect of excess Mg on the solid fraction of different phases in (a) Al-8Mg2Si alloy, (b) Al-














































































































4.1.2 Effect of Excess Mg on the Microstructure of Al-Mg2Si Alloys 
Based on the CALPHAD calculation results, HPDC trails work was conducted on the Al-8Mg2Si 
alloy with excess 2, 4, 6, 8 wt.% Mg, the Al-10Mg2Si alloy with excess 2, 3.7, 6, 8wt.% Mg, and 
the Al-13Mg2Si alloy with excess 0.7, 2, 4, 6wt.% Mg. During casting, the alloy melt was prepared 
using a standard procedure, as described in Chapter 3. The casting temperature was controlled at 
60°C above the calculated liquidus of each alloy. 
4.1.2.1 Primary phase formation  
Fig. 4.5 shows the optical micrographs of the as-cast Al-8Mg2Si alloys with excess 2, 4, 6, 8 wt.% 
Mg, respectively. Typical hypo-eutectic microstructure are seen in Fig. 4.5 (a) and (b), which 
corresponds to the alloy with excess 2wt.% and 4 wt.% Mg, respectively. The microstructure 
consisted of the primary α-Al phase and the Al-Mg2Si eutectics. There were two types of primary 
α-Al phases in the as-cast microstructure. The sizes of the relatively coarse ones were varied from 
15 to 40μm and labelled as α1-Al; The others were fine and granular with a size range from 3 to 
10μm, which were labelled as α2-Al. According to Ji et al. [94], the α1-Al phase was solidified in 
the slot sleeve and the α2-Al phase was solidified in the die cavity. As the typical cooling rate is 
10
2
 °C/s in the shot sleeve and 10
3
 °C /s in the die cavity [94], the size and morphology of the 
primary α-Al phases α1 and α2 are significantly different. It is also seen that the fine Al-Mg2Si 
laminate eutectic phase was located along the primary α-Al phase grain boundary in Fig. 4.5(a) and 
(b). Obviously, the volume fraction of the eutectics was higher in Fig. 4.5(b). The results 
confirmed that increasing Mg can reduce the fraction of the primary α-Al phase and increase the 
Al-Mg2Si eutectics in the Al-Mg2Si alloy, at hypo-eutectic composition. With the increase of Mg 
to 6wt.% in the Al-8wt.%Mg2Si alloy, the alloy showed a typical divorced eutectic structure. Fine 
polygonal Mg2Si particles (3.5μm) randomly dispersed in the matrix, as shown in Fig. 4.5c. With 
the further increase of Mg to 8wt.% in the Al-8wt.%Mg2Si alloy, the alloy showed a typical hyper-
eutectic microstructure and the primary phase became α-Mg2Si. Two types of primary Mg2Si phase 
can be found in the matrix. The coarse polygonal primary Mg2Si particles had a size range from 10 
to 15μm and the fine polygonal primary Mg2Si particles were 3.5µm on an average basis. Similar 
to the mechanism of the α-Al formation at the hypo-eutectic composition, the coarse Mg2Si phase 
was formed in the shot sleeve and the fine Mg2Si phase was formed in the die cavity. The 
difference in their size is resulted from the differences in the cooling rate.  
 
Similar results were obtained from the Al-10Mg2Si and Al-13Mg2Si alloy, as shown in Fig.4.6 and 




8Mg2Si alloy. However, the alloy compositions corresponding to the Mg2Si fraction and the 
emergence of the primary Mg2Si phase were different. When increasing the Mg content to 3.7wt.% 
in the Al-10Mg2Si alloy, the alloy showed a partially divorced eutectic structure, as shown in Fig. 
4.6b. Fine polygonal Mg2Si particles (3.5μm) were randomly dispersed in the matrix. The primary 
Mg2Si phase was formed when the excess Mg content was 6wt.%. The average sizes of coarse 
Mg2Si phase and the total solid fraction of primary Mg2Si in Al-10Mg2Si alloys was increased 
when 8wt.% excess Mg was added. The average size of coarse Mg2Si phase was increased from 
14.2 µm to 19.6 µm, and the total solid fraction of primary Mg2Si phase was increased from 4.7 % 
to 6.3 %. Since the alloy composition of Al-13Mg2Si was close to the eutectic point (13.9wt.% 
Mg2Si) of the Al-Mg2Si pseudo-eutectic system, the eutectic fraction was much higher than Al-
8Mg2Si and Al-10Mg2Si alloys, as shown in Fig. 4.7. Primary Mg2Si, as well as the primary α-Al 
phase, starts to form when 0.7wt.% excess Mg were added. The average sizes of the primary α1- 
Mg2Si were 17 µm, 23 µm, and 35 µm for 2wt.%, 4wt.%, and 6wt.% excess Mg content, 
respectively. The average sizes of the fine primary Mg2Si phases showed little change with the 
increase of excess Mg, which was around 3.5 µm. More detailed quantification of the primary 





Fig.4.5 Optical micrographs showing the effect of excess Mg on the as-cast microstructure of Al-8Mg2Si alloy, (a) to (d) are 
























Fig.4.6 Optical micrographs showing the effect of excess Mg on the as-cast microstructure of Al-10Mg2Si alloy, (a) to (d) are 
























Fig. 4.7 Optical micrographs showing the effect of excess Mg on the as-cast microstructure of Al-13Mg2Si alloy,  































Fig. 4.8 Quantification of the solid fraction of primary phases in (a) Al-8Mg2Si-Mg, (b) Al-
















































































Fig. 4.9 Quantification of the average size of primary phases in the Al-Mg2Si alloys with different 





















































































4.1.2.2 Eutectic Phase Formation  
Fig. 4.10 presents the typical eutectic structure in Al-Mg2Si-Mg alloys. With the increase of the 
excess Mg addition, the solid fraction of the primary α-Al decreases. The coarse eutectics, which 
were solidified in the shot sleeve, can be observed in Al-8Mg2Si-4Mg and Al-8Mg2Si-6Mg alloys, 
as shown in Fig. 4.10 (a) and (c), respectively. The eutectics that solidified in the die cavity for 
both alloys had a finer laminar/fibber structure, as shown in Fig. 4.10 (b) and (d), respectively. It is 
clearly seen that the eutectic phases are typical divorced structures in the eutectic and hypo-eutectic 




Fig. 4.10 SEM Backscattered electron image showing the effect of excess Mg on the eutectic 
morphology in Al-Mg2Si-Mg alloys, (a) eutectic microstructure of Al-8Mg2Si-4Mg alloy formed in 
the shot sleeve, (b) eutectic microstructure of Al-8Mg2Si-4Mg alloys solidified in the die cavity (c) 
eutectic microstructure of Al-8Mg2Si-6Mg alloy solidified in the shot sleeve, and (d) eutectic 








4.1.2.3 Intermetallics and Porosity 
Commercial purity raw materials were used in this work, therefore about 0.1wt.% Fe content was 
present in the alloys. Fe-rich intermetallics (0.1-1μm) were observed by SEM. It is found that the 
Fe-rich intermetallic phases, which appear as bright in the Backscatter electron image, were 
surrounded by β-Al3Mg2 phases, as indicated in Fig.4.11. The composition of the Fe-rich phases 
was examined by the SEM/EDX and two compositions were found: Al10FeMg1.5 and Al20FeMgSi0.3. 
The presence of Mg in these EDX measurements of the Fe-rich intermetallics was attributed to 
contribution of the Al matrix due to the large electron beam size.  Also, Mg could be picked up 




Fig.4.11 SEM Backscattered electron image showing the Fe-rich and AlMg phases in Al-Mg2Si-
Mg alloys. 
The porosity levels in the as-cast Al-Mg2Si-Mg alloys were quantified and the results are presented 
in Fig.4.12. It was found that the porosity in the three Al-Mg2Si alloys reached a minimal level 
when the alloy composition was close to the calculated eutectic compositions; and further 
increased when the composition shifted to the hyper eutectic compositions. Amongst the three 
hypo-eutectic Al-Mg2Si alloys, the Al-13Mg2Si alloy had the highest porosity level. With the 
addition of 6wt.% Mg, the porosity was 1.1 % in the Al-13Mg2Si alloy. As for the Al-8Mg2Si alloy 
and the Al-10Mg2Si alloy, the porosity level was around 0.56% to 0.89 % when the excess Mg 
increased from 2wt.% to 8wt.%. This indicated that the excess Mg content in the Al-8Mg2Si alloy 
and Al-10Mg2Si alloy was not sensitive for porosity formation and those low porosity level should 
have minimal influence on the mechanical properties of the alloys as demonstrated in the next 
section. 






Fig 4.12 Effect of excess Mg on the porosity level in the Al-Mg2Si-Mg alloys. 
4.1.3 Effect of Excess Mg on Mechanical Properties 
The effect of the excess Mg content on the tensile properties of the Al-Mg2Si alloys are shown in 
Fig.4.13 (a)-(c). The mechanical properties of Al-Mg2Si alloys without excess Mg content were not 
presented here because those alloys were not able to be cast by HPDC process and had a high die 
soldering tendency.  
 
As expected, the yield strength of the three Al-Mg2Si alloys was increased significantly with 
increasing the excess Mg. However, the ductility was decreased. When the Mg content increased 
from 2 to 8wt.%, the yield strength was increased from 150MPa to 175MPa (16.6%) for the Al-
8Mg2Si alloy and 158MPa to 176MPa (11.3%) for the Al-10Mg2Si alloy. As for the Al-13Mg2Si 
alloy, the yield strength increased from 142MPa to 173MPa (21.8%), with increasing excess Mg 
content from 0.7 to 6wt.%. The Al-13Mg2Si alloy had the highest increase rate, but not the highest 
value. At the same concentration range of Mg in all three Al-Mg2Si alloys, elongation decreased 
from 9% to 4.2% (53%) for the Al-8Mg2Si alloy, from 5.8 % to 2.1 % (63%) for the Al-10Mg2Si 
alloy and from 3.4% to 1.2% (64 %) for the Al-13Mg2Si alloy. These results also indicated that the 
higher fraction of the Mg2Si phase is, the lower ductility of the corresponding alloy is. 
 
The UTS was decreased with the increase of the excess Mg addition in both the Al-10Mg2Si and 
Al-13Mg2Si alloy. It decreased from 316MPa to 259 MPa (18%) by increasing the excess Mg from 























(10%) with the increase of excess Mg content from 0.7 to 6wt.%. However, in the Al-8Mg2Si alloy, 
the UTS firstly increased from 310 to 330 MPa (6.5%) when the excess Mg content was raised 




Fig.4.13 Effect of excess Mg on the mechanical properties of (a) Al-8Mg2Si-xMg, (b) Al-10Mg2Si-







































































With an overall comparison amongst the yield strength, the UTS and the ductility of 12 
compositions, the Al-8Mg2Si-6Mg alloy provided the best combination of ductility and strength, 
which had yield strength of 170MPa, elongation of 6.9% and UTS of 340MPa. 
4.1.4 Summary 
In this section, the experimental results showed that a hypo-eutectic Al-Mg2Si alloy can be shifted 
to near eutectic and further to hyper-eutectic by changing the excess Mg content. The changes in 
the as-cast microstructure have a significant influence on the mechanical properties of the alloys. 
The yield strength of the three Al-Mg2Si alloys is increased considerably with increasing the 
excess content at a sacrifice of the ductility. Amongst the 12 alloys studied in this work, Al-
8Mg2Si-6Mg have the best combination of strength and ductility, offering yield strength of 
170MPa, UTS of 340MPa and elongation of 6.9%. The Al-8Mg2Si-6Mg alloy is therefore selected 





4.2 Effect of Mn on the Al-8Mg2Si-6Mg alloy 
It has been confirmed that manganese can naturalise Fe to reduce its detrimental effect and prevent 
die soldering in several existing alloys including Al-Si, Al-Si-Mg, Al-Si-Cu and Al-Mg-Si [81, 
134-136]. Therefore, it is essential to study the effect of Mn on the alloys described in section 4.1 
to minimise the detrimental effect of Fe without sacrificing the ductility of the Al-8Mg2Si-6Mg 
alloy. In this section, the effect of different Mn additions on the solidification and microstructural 
evolution, and the mechanical properties of the Al-8Mg2Si-6Mg alloy were investigated by the 
combination of thermodynamic calculation and experimental validation. In section 4.2.1; 
CALPHAD calculation is carried out to understand the effect of Mn addition on the phase 
formation in Al-8Mg2Si-6Mg alloy with Mn addition. In section 4.2.2, microstructures of Al-
8Mg2Si-6Mg alloy with varied Mn addition are analysed. The mechanical properties of the 
experimental alloys are given in section 4.2.3. 
4.2.1 CALPHAD of the Multi-Component Al-8Mg2Si-6Mg-Mn system 
In order to understand the phase formation in the Al-8Mg2Si-6Mg alloy with Mn addition, the 
equilibrium phase diagram of the Al-8Mg2Si-6Mg-xMn was calculated and a section of the phase 
diagram was shown in Fig. 4.14. It is found that the solubility of Mn in the Al-8Mg2Si-6Mg alloy 
varied significantly from 0.19wt.% at 580 °C to 0.1wt.% at 494°C, and further to 0.051 wt.% at 
450°C. No primary Mn containing intermetallic phase was expected when Mn addition level was 
below 0.33wt.%. Solidification commenced with the precipitation of the primary α-Al phase. 
When the Mn content was above 0.33wt.%, primary Al15FeMn3Si intermetallic phase was  
formed as a prior phase, followed by the precipitation of primary α-Al phase.  
 
The liquidus of the alloy was significantly increased when Mn content exceeded 0.33wt.%, as 
shown in Fig. 4.14. Consequently, the solidification range increased with the increase of the Mn 
concentration, as shown in Fig. 4.15. The solidification range of the Al-8Mg2Si-6Mg-Mn alloy was 
increased from 29°C to 44°C at 0.4wt.% Mn, 70°C at 0.6wt.% Mn and 100°C at 1.0wt.% Mn. As a 
long solidification range usually results in hot tearing, Mn should be kept at a lower level to reduce 






Fig.4.14 Cross section of the equilibrium phase diagram of the Al-8Mg2Si-6Mg-xMn alloy. 
 
 
Fig. 4.15 Effect of Mn on the solidification range of the Al-8Mg2Si-6Mg alloy. 
4.2.2 As-cast Microstructure of the Die Cast Al-8Mg2Si-6Mg-xMn Alloys 
Based on the calculation results, experimentals were conducted using Al-8Mg2Si-6Mg alloy 
containing varied Mn concentration from 0.19wt.% to 0.78wt.%. During casting, the melt was 
prepared using the standard procedure described in Chapter 3. The pouring temperature was 60°C 




























Fig. 4.16 shows the SEM backscattered electron images of the Al-8Mg2S-6Mg alloys with varied 
Mn contents. Mn-rich intermetallic particles were observed in all the alloys containing different 
Mn levels. The solid fraction of Mn-rich phase was increased with increasing Mn content. The 
quantitive analysis of the solid fraction, grain size of the Mn-rich particles, as well as the porosity 
levels of the die cast alloy is shown in Fig. 4.17. Both the solid fraction and size of the Mn-rich 
intermetallic particles were increased with increasing the Mn content. The solid fraction of Mn-rich 
intermetallics was increased from 0.23% to 0.86% when Mn addition increased from 0.19wt.% to 
0.6wt.%. A gradual increase of Mn-rich intermetallics was observed when with 0.78wt.%Mn, at 
which the solid fraction was 1.6 %. At the same time, the average particle size of the Mn-rich 
intermetallics was increased from 0.82µm to 1.92µm. It is also seen that the porosity in Al-
8Mg2Si-6Mg-xMn alloys was not influenced by the Mn content, as shown in Fig. 4.17 (c). The 
porosity level was 0.7 % and 0.82% when Mn was 0.19wt.% and 0.78wt.%, respectively.  
 
The high magnification microstructure of the die cast Al-8Mg2Si-6Mg alloy is shown in Fig. 4.18. 
No significant change in the morphology of the eutectic structure was observed. Small Mn-rich 
phases were found to be surrounded by β-Al3Mg2 phases. The composition of the Mn-rich 
intermetallics was quantified by quantitive SEM/EDX. As mentioned in section 4.1, around 0.1wt.% 
Fe was already in the base alloy. Thus, the Mn-rich intermetallic phases contained Fe. The formula 
and constituent of the Mn-rich intermetallics detected in this study are summarised in Table 4.2. 
The results confirmed that the Mn-rich intermetallics were most likely to be α-AlFeMnSi phase. 
However, due to the small size of the Mn-rich particles, the testing results always contain Mg. 
Therefore, when analysing the chemical composition of Mn-rich intermetallics, the Mg content 
was revealed in the results. In 0.78wt.%Mn containing alloys, larger Mn-rich particles were used 
for testing and proved that the Mn-rich phase had an average composition of Al9(FeMn)2Si. It is 
also noted that the concentration of Mn in the Mn-rich intermetallics in the alloys containing 
0.19wt.% and 0.41wt.%Mn had little difference, which indicated not all Mn were consumed by the 






Fig. 4.16 Backscattered SEM micrographs showing the microstructure of Al-8Mg2Si-6Mg alloy with different levels of Mn, (a) 











Fig. 4.17 Effect of Mn on (a) the solid fraction of Mn-rich intermetallic phase, (b) the average size 
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Fig 4.18 Backscattered SEM micrograph showing the morphology of Mn-rich intermetallics in the 
Al-8Mg2Si-6Mg alloy (a) 0.19wt.% Mn, and (b) 0.78wt.% Mn. 
 
Table 4.2 Composition of the Mn-rich intermetallic phase in the Al-8Mg2Si-6Mg-xMn alloys 





Al Fe Mg 
at. % 
Si Mn Mn/Fe 
0.19 Al14.6(Fe,Mn)Mg3.8Si0.3 73.02 3.41 18.9 1.49 1.675 0.49 
0.41 Al16.5(Fe,Mn)Mg3Si0.2 79.36 3.03 14.795 1.04 1.775 0.58 
0.6 Al6.8(Fe,Mn)Mg1.2Si0.15 81.48 4.04 4.61 1.84 8.03 2 


















4.2.3 Effect of Mn Addition on Mechanical Properties 
The mechanical properties of the Al-8Mg2Si-6Mg-xMn alloys are shown in Fig. 4.19. With the 
increase of Mn concentration, both the yield strength and UTS were increased, and the elongation 
was slightly decreased. With the Mn level at 0.6wt.%, the yield strength increased from 170 to 
189MPa (11.2%), the UTS increased from 336 to 352 MPa (4%) and the elongation decreased 
from 6.9% to 6.5% (6%). The decrease of elongation was negligible, but the increase in the yield 
strength and UTS were significant in the alloy with 0.6wt.% Mn. With a further increase to 
0.78wt.%, the yield strength was slightly increased to 194MPa but the UTS was decreased to 
340MPa, and the elongation was further decreased to 5.9%. This result indicates that the Mn 
content needs to be controlled within a proper range in order to maintain the maximal UTS and 
appropriate elongation. The appreciated Mn content should be around 0.6wt.% in the Al-8Mg2Si-
6Mg alloy.  
 
Fig. 4.19 Mechanical properties of the Al-8Mg2Si-6Mg alloy with different levels of Mn under as-
cast condition. 
4.2.4 Summary 
Since manganese addition results in an increase in the liquidus temperature and the solid fraction 
of the Mn-rich intermetallics in the Al-8Mg2Si-6Mg alloy, the Mn addition should be controlled at 





































UTS with little sacrifice to the ductility at a level of 0.6wt.%, the appropriated Mn level is at 0.6wt.% 
in the present work. 
 
4.3 Effect of Fe on the Al-8Mg2Si-6Mg Alloy 
This section presents the results of the study of the effect Fe on the solidification and 
microstructural evolution.  
4.3.1 CALPHAD of Multi-component Al-8Mg2Si-6Mg-xFe System 
The effect of Fe on the phase formation in the Al-8Mg2Si-6Mg alloy was assessed by CALPHAD, 
and the calculated equilibrium phase diagram is shown in Fig. 4.20. There was no primary Fe-rich 
phase formed when the Fe content was below 0.43wt.%, although Fe-rich intermetallics still 
precipitated in the eutectic reaction. The prior phase was Al13Fe4 phase, when Fe were more than 
0.43wt.%. When Fe content was between 0.43 and 0.8wt.%, the primary phase that followed 
Al13Fe4 was α-Al. When Fe was higher 0.8wt.%, primary Mg2Si was formed after the precipitation 
of the primary Al13Fe4 phase. The formation of the primary Mg2Si was due to the increase of Fe 
content in the alloy, which was accompanied with the decrease of the Al. Therefore, the weight 
fraction ratio between Al and Mg2Si was decreased, and the alloy composition was shifted into the 
hypo-eutectic Al-Mg2Si side. 
 
The liquidus of the alloy was significantly increased with increasing Fe content, when Fe was 
higher than 0.43 wt.%, whilst the solidus was constantly around 560°C. As a consequence, the 
solidification range of the Al-8Mg2Si-6Mg-xFe was increased when more than 0.43wt.% Fe was 
added, as shown in Fig. 4.21. The solidification range was 31°C with Fe < 0.43wt.%, and it 
increased to 61°C at 0.6wt.% Fe and 142°C at 1.6wt.% Fe. Therefore, a high concentration of Fe 
could potentially result in the formation of hot tearing, which is detrimental to the mechanical 





Fig.4.20 Crosse section of the equilibrium phase diagram of the Al-8Mg2Si-6Mg-xFe alloy. 
 
 
Fig 4.21 Effect of Fe on the solidification range of the Al-8Mg2Si-6Mg-xFe alloy. 
4.3.2 As-cast Microstructure of the Die Cast Al-8Mg2Si-6Mg-xFe Alloys 
HPDC experimental work was conducted on the Al-8Mg2Si-6Mg alloy containing Fe content 
ranging from 0.3wt.% to 1.8wt.%. During casting, the melt was prepared using the standard 
procedure described in Chapter 3. The pouring temperature was controlled at 60°C above the 






























The characteristics of the as-cast microstructures of Al-8Mg2Si-6Mg-xFe alloys are presented in 
Fig.4.22. Fine bright Fe-rich intermetallics were observed at 0.3wt.%  Fe (Fig. 4.22a). Both fine 
and coarse Fe-rich intermetallic phases were observed at 0.6wt.% Fe and the solid fraction of 
coarse Fe-rich intermetallics was increased with the raise in Fe content (Fig. 4.22 b & c). Long 
needle and block shaped Fe-rich intermetallics were found at 1.6wt.% Fe, as shown in Fig. 4.22 (d). 
With a higher resolution image in Fig. 4.23, it clearly shows the fine Fe-rich phase at 0.3wt.%. Fe-
rich phase was found in the middle of the α-Al/Mg2Si eutectic phase with Chinese script 
morphology. The coarse Fe-rich phases were normally observed in a dendritic shape and located at 
the divorced eutectic α-Al phase boundary, whilst the long needle shaped Fe-rich phases were also 
found along the divorced eutectic α-Al phase boundary. The SEM/EDX quantification (Table 4.3) 
identified that the Fe-rich phase consisted of Al and Fe with minor Si. The chemical formula could 
be described as Al12FeSi0.2 for the coarse dendritic script shaped Fe phase, Al11FeSi0.2for the small 
dendritic Fe phase, Al14.4Fe4 for the needle shape β-Fe phase and Al11.5FeSi0.6 for the block shape 
Fe phase. 
 
The size and solid fraction of the Fe-rich intermetallics were quantified and the results are given in 
Fig 2.24-2.25. It is found that both the size and the solid fraction of the Fe-rich intermetallics 
increased with the raise in Fe content. The solid fraction of Fe-rich intermetallics was increased 
from 0.85% to 4.17% when Fe content increased from 0.3wt.% to 1.6wt.%. The size of the coarse 
dendritic Fe phases was from 4µm to 9 µm in Fig. 4.26. The needle shaped Fe phase was found 
with an average length of 15µm at 1.6wt.%  Fe and 30µm at 1.8wt.% Fe.  
 
The other most concerned issue of Fe was the porosity formation. The porosity levels in the Al-
8Mg2Si-6Mg-xFe alloys are quantified as shown in Fig. 4.25. It is found that the porosity gradually 
increased from 0.7% to 1.2% when the Fe content increased from 0.3wt.% to 1.6wt.%. When the 
Fe content further increased to 1.8wt.%, at which coarser needle shaped Fe phases were formed, 
the porosity significantly increased to 1.92%. It is noted that a gradual increase of the porosity 
occurred when Fe was between 1.6wt.% and 1.8wt.%. This reveals that the β-AlFeSi phase 






Fig. 4.22 SEM Backscattered electron image showing the microstructure of the Al-8Mg2Si-6Mg alloy with different amount 
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Fig. 4.23 SEM Backscattered electron image showing the eutectic morphology in the Al-8Mg2Si-
6Mg alloy with varied Fe, (a) 0.3wt.% Fe, (b) 0.6wt.% Fe, and (c) 1.6wt.% Fe. 
 
Fig. 4.24 Quantification of the solid fraction of Fe-rich phases in the Al-8Mg2Si-6Mg alloy with 
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Fig 4.25 Effect of Fe on the size of Fe-rich intermetallic phases in the Al-8Mg2Si-6Mg alloy. 
 
Fig 4.26 Effect of Fe on the porosity level in the Al-8Mg2Si-6Mg alloys. 
 
Table 4.3 Composition of Fe-rich intermetallic phases in the Al-8Mg2Si-6Mg-0.6Mn-xFe alloys 








Coarse dendrites Al12.3FeSi0.2 91.12 7.41 1.49  
Fine Chinese script Al11FeSi0.2 90.83 8.21 1.69  
Coarse needle Al14.4Fe4 76.66 21.43   








































4.3.3 Effect of Fe addition on Mechanical Properties 
The tensile strength and elongation of the as-cast Al-8Mg2Si-6Mg alloy, with varied Fe contents, 
are shown in Fig. 4.27. It was found that the the yield strength was slightly increased from 170 
MPa to 178 MPa with 0.3wt.% Fe, but no further improvement was seen by increasing the Fe 
content up to 1.8wt.%. The UTS was consistently at a level of 330MPa in the experimental range 
and the elongation decreased from 6.7 % to 5.1 % when the Fe content increased from 0.3wt.%to 
1.6wt.%. There was a sharp reduction on the ductility to 3.9% when the Fe content increased to 
1.8wt.%. 
 
Fig. 4.27 Mechanical properties of the Al-8Mg2Si-6Mg alloy with different levels of extra Fe 
content under as-cast condition. 
4.3.4 Summary 
Increased Fe content in the Al-8Mg2Si-6Mg alloy promotes the formation of Fe-rich intermetallics 
in the as-cast microstructure. The size of the Fe-rich intermetallics vary from 4 -30 µm. The high 
Fe contents (1.6-1.8wt.%) result in the formation of long needle shaped Fe-rich intermetallics. The 
yield strength of the Al-8Mg2Si-6Mg alloy is lightly increased with 0.3wt.% Fe addition, and there 
is no further improvement when further increase the Fe addition. The UTS is consistently at a level 
of 330MPa in the experimental range of the Fe contents, however, elongation is decreased with the 
increase of Fe content in the alloy. Elongation is still at an acceptable level of around 5% in 











































relatively higher level of Fe content. This is important in practice, as Fe is an element to be picked 
up during processing. The increased tolerance level of Fe will be ideal for improved recyclability, 
which is significant in industry.  
 
4.4 Effect of Fe and Mn on Al-8Mg2Si-6Mg alloy 
As mentioned in 4.2, Mn is the neutralising element for Fe in aluminium alloys. Therefore, the 
interaction between Mn and Fe is studied in Al-8Mg2Si-6Mg alloy.  
4.4.1 CALPHAD of Multi-component Al-8Mg2Si-6Mg-xMn-yFe System 
The effect of Fe addition in the Al-8Mg2Si-6Mg alloy was assessed with the Mn concentration 
being 0.6wt.% and 1.0wt.%. The results are shown in Fig. 4.28. It shows that several 
characteristics in the equilibrium phase diagram with Mn introduced. Firstly, Mn promoted the 
precipitation of Fe-rich intermetallics as a primary phase. When there was no Mn added to the 
alloy, 0.43wt.% Fe content was required for the precipitation of the primary Fe-rich intermetallics. 
When 0.6wt.% Mn was added, the required Fe content was reduced to 0.01wt.% for the 
precipitation of primary Fe-rich intermetallics. Secondly, the liquidus was increased when Mn is 
presented. If Fe was at 0.4wt.%, the liquidus was 590°C (Fig. 4.20) in the Al-8Mg2Si-6Mg alloy 
with no Mn addition. However, the liquidus of the alloy was 656°C and 675°C when Mn was 
0.6wt.% (Fig. 30a) and 1.0wt.% (Fig. 4.28b), respectively. Thirdly, Mn enlarges the composition 
area where α-Al15FeMn3Si2 phase forms. For instance, α-Al15FeMn3Si2 phase forms at 0.02 to 
1.1wt.% Fe when the amount of Mn was 0.6wt.%. When with 1.0 wt.% Mn, while α-Al15FeMn3Si2 
phase forms at 0.02 to 1.4wt.% Fe. Fourthly, Mn could increase the solidification range of the alloy, 
as shown in Fig. 4.29. The solidification range was 32°C for the Al-8Mg2Si-6Mg without Mn and 
Fe, but it increased to 92°C with 0.4wt.%Fe and 0.6wt.%Mn, and 113°C for 0.4wt.% Fe and 1wt.% 
Mn.  
 
From the CALPHD calculations, it is noted that a high Mn content (1wt.%) could enlarge the area 
to form α-Al15FeMn3Si2 phase, which could be beneficial for the alloy mechanical properties 
because of the less detrimental effect from sharp Fe-rich compounds. However, the high Mn 
content increased the solidification range, which could potentially cause the formation of hot 
tearing in the casting. Moreover, a high Mn content would increase the solid fraction of α-




results in section 4.32 also revealed that, when a 0.6wt.% Mn was added in the Al-8Mg2Si-6Mg 
alloy, there was an economical level which could increase the alloy yield strength without 
sacrificing the ductility. Therefore, further experimental work was carried out based on the Al-





Fig. 4.28  Equilibrium phase diagrams showing the effect of Fe content on the phase formation in 









Fig 4.29 Effect of Fe content on the solidification range of (a) Al-8Mg2Si-6Mg-0.6Mn alloy, and (b)  
Al-8Mg2Si-6Mg-1Mn alloy 
4.4.2 As-cast Microstructure of the Die Cast Al-8Mg2Si-6Mg-0.6Mn-xFe 
Alloys 
The HPDC experimental work was conducted using Al-8Mg2Si-6Mg-0.6Mn alloy containing 
different Fe content, ranging from 0.3wt.% to 1.8wt.%. During the casting, the melt was prepared 
with the standard procedure as described in Chapter 3. The casting temperature was controlled with 
a superheat of 60°C. 
 
Fig.4.30 shows the as-cast microstructure of Al-8Mg2Si-6Mg-0.6Mn alloy with different Fe 
contents. The quantification results of particle size and solid fraction are shown in Figs. 4.31 – 4.33. 
























































Fe-rich phases, with different sizes were found, and labelled as Fe1 (solidified in the shot sleeve) 
and Fe2 (solidified in the die cavity). However, due to the existence of Mn, the Fe-rich 
intermetallics are polygonal shaped rather than Chinese script or dendritic shaped compared with 
AlFeSi phase previously. For the alloy with 0.3wt.% added Fe, only fine Fe2 phases were observed. 
The solid fraction of the Fe-rich intermetallics increased with the raise in Fe content, as shown in 
Fig. 4.31. There were only polygonal shaped Fe phases in the microstructure when the Fe content 
was below 1.6wt.%. The average size of the coarse polygonal Fe1 phase was 8µm, which 
corresponds to the Fe content at 0.6wt.% Fe and it increased to 11 µm, which corresponds to the Fe 
content at 1.2wt.% as shown in Fig. 4.32 (b). The solid fraction ratio of Fe1 intermetallics was 
increased from 5% to 18% when the Fe content was increased, as shown in Fig. 4.32. The needle 
shaped Fe1 phases were found in the alloy with 1.6wt.% Fe with their average size being 20µm. 
The increased Fe in the alloy resulted in the increase of the size of Fe-rich intermetallics. The 
needle Fe-rich intermetallic phase was 33µm when Fe content was at 1.8wt.%. It is seen that the 
fine Fe-rich intermetallics formed in the die cavity shows a consistent size of 0.8µm in the 
experimental alloys, as shown in Fig. 4.33(a). The size of the Fe-rich intermetallics was irrelative 
to the Fe content in the alloy. The size distribution of the Fe2 phase is shown in Fig. 4.33(b). The 
data confirmed that the distribution of Fe-rich intermetallics formed in the die cavity was well 
matched by the normal distribution curve with an average of 0.8μm. 
 
It is noted that the increase of Fe content in the Al-8Mg2Si-6Mg-0.6Mn alloy also resulted in the 
increase of the porosity level in the as-cast microstructure. The quantification results are shown in 
Fig. 4.34. It is seen that the porosity level slowly increased from 0.9% to 1.5%, with the increase of 
Fe content from 0.3 to 1.6wt.%. There was also a gradual increase of porosity to 2.1% when the Fe 
content was further increased to 1.8wt.%. This is similar with the result in 4.3.2, where increased 
the solid fraction of β-AlFeSi phases and promoted the porosity formation for the Al-8Mg2Si-6Mg-
0.6Mn-1.8Fe alloy. However, the porosity level in the Al-8Mg2Si-6Mg-0.6Mn alloy, at the same 
Fe content level, was higher than in the Al-8Mg2Si-6Mg alloy. The large increase of the porosity in 





Fig. 4.30 SEM Backscattered electron image showing the microstructure of Al-8Mg2Si-6Mg-0.6Mn alloy with different levels of Fe, (a) 0.3wt.% Fe, (b) 
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Fig. 4.32 Effect of Fe in the Al-8Mg2Si-6Mg-0.6Mn alloy on (a) the solid fraction of Fe-rich 
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Fig. 4.33 Effect of Fe in the Al-8Mg2Si-6Mg-0.6Mn alloy on (a) the average size, (b) the frequency 
of Fe-rich intermetallic phases solidified in the die cavity. 
 
 


































































Fig. 4.35 presents the morphologies of the Fe-rich phases in the Al-8Mg2Si-6Mg-0.6Mn alloy with 
0.3wt.%Fe and 1.8wt.% Fe. The fine Fe2 intermetallic phases were also found to be surrounded by 
β-Al3Mg2. It is seen that the coarse Fe-rich phase exhibited a typical hexagonal morphology. The 
SEM/EDX quantification (Table 4.4) identified the α-Fe1 phase with the typical composition of 
Al14(Fe, Mn)3Si. The fine α-Fe2 phase also showed a typical hexagonal morphology. The 
SEM/EDX confirmed that the typical composition was Al15(Fe, Mn)Si0.5. The needle shaped β-Fe 
phase was identified with a typical compassion of Al12(Fe, Mn)3Si0.3. The Fe: Mn atom ratio for the 
needle shaped β-Fe phase was much higher than that for the polygonal shaped α-Fe phases. This 
was because larger amount of Mn was replaced by Fe in the α-AlFeMnSi phase and resulted in the 




Fig. 4.35 SEM Backscattered electron image showing the morphology of Fe intermetallics in the 













Table 4.4 Composition of the Fe-rich intermetallic phases in the Al-8Mg2Si-6Mg-0.6Mn-xFe 










Si  Fe/Mn 
        
Coarse polygonal Al14(FeMn)3Si 77.74 9.62 6.99 5.64  1.37 
Fine polygonal Al15(FeMn)2Si0.5 85.81 7.98 3.63 2.77  2.10 
Large needle Al12(FeMn)3Si0.3 77.74 16.1 3.78 2.09  4.26 
 
4.4.3 Mechanical Properties 
The tensile properties of as cast Al-8Mg2Si-6Mg-0.6Mn alloys with varying Fe content were tested 
and the results are shown in Fig. 4.36. It was found that the yield strength of the Al-8Mg2Si-6Mg-
0.6Mn alloys was decreased with Fe addition from 190 to 180MPa when 0.3wt.% Fe was added 
into the alloy. However, no further reduction was observed when the Fe content increased up to 
1.8wt.%. There was little variation on the UTS, which was around 335MPa. Elongation slightly 
decreased from 6.4% to 5.3%, with the increase of Fe content from 0.3wt.% to 1.6wt.%. A further 
increase of the Fe content to 1.8wt.%  resulted in a sharp reduction of elongation to 4.3%. 
 
Fig 4.36 Mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn alloy with different levels of Fe 














































The experimental results show that Fe and Mn are interlinked in the alloy in terms of the 
characteristics of the microstructure and mechanical properties. Mn promotes the formation of the 
α-AlFeMnSi phase by enlarging the formation composition range and reducing the Fe content to 
promote α-AlFeMnSi phase as the prior phase during solidification. Mn and Fe can reduce the 
ductility and yield strength but maintain the UTS of the alloy in the studied compositions. It is 
confirmed that morphology of Fe-rich phase is changed from dendritic to polygon by Mn. The Al-
8Mg2Si-6Mg-0.6Mn alloy has a high Fe tolerance regarding on the ductility, which could still 
maintain about 5% with 1.6wt.% Fe. However, the mechanical properties of the Al-8Mg2Si-6Mg 
alloy, with and without Mn, at the same Fe content level are similar. The yield strength is slightly 
decreased for Al-8Mg2Si-6Mg-0.6Mn alloy, while it slightly increased in the Al-8Mg2Si-6Mg alloy 





4.5 Effect of Zn on the Al-Mg2Si-6Mg-0.6Mn Alloy 
Zn addition to Al-8Mg2Si-6Mg-0.6Mn alloy is expected to react with the Mg and form the Mg2Zn 
phase, which improves the mechanical properties under as-cast and heat-treated conditions. In this 
section, the effects of Zn addition on the solidification and microstructural evolution, and the 
mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn alloy were investigated by thermodynamic 
calculation and experimental validation.  
4.5.1 CALPHAD of Multi-component Al-8Mg2Si-6Mg-0.6Mn-xZn System 
In order to understand Zn addition on the phase formation in the Al-8Mg2Si-6Mg-0.6Mn alloy, a 
cross section of Al-8Mg2Si-6Mg-0.6Mn-xZn phase diagrams were calculated and the results are 
shown in Fig. 4.37. The α-AlFeMnSi phase was the prior phase, followed by the primary α-Al 
phase during solidification, when Zn content was below 3.5wt.%. The primary Mg2Si subsequently 
formed when Zn content was above 3.5wt.%. Generally, the addition of Zn did not cause any 
change of the liquidus of the alloy. However, the solidus temperature decreased with the increase 
of Zn content up to 4.3wt.%. A quaternary eutectic reaction was seen when Zn content was higher 
than 4.3wt.%, where the T phase (AlMgZn) was precipitated with Al15FeMn3Si2+ Al+Mg2Si 
during solidification. Therefore, with the increase of Zn content, the solidification range of the Al-
8Mg2Si-6Mg-0.6Mn alloy increased, as shown in Fig. 4.38. The solidification range was 80°C for 
the alloy without Zn, and it increased to 112°C with 2wt.% Zn, and further increased to 153°C with 
4.3wt.% Zn. As described in Chapter 2, the significant increase of the alloy solidification range 
will promote the formation of hot tearing during solidification, which is not favoured in practice.  
 
From the equilibrium phase diagram as shown in Fig. 4.37, it is seen that Zn in the Al-8Mg2Si-
6Mg-0.6Mn alloy was not involved in any reactions at high temperature. It is known that the 
solidification in HPDC is a non-equilibrium process, during which solute elements could be 
accumulated in the remaining melt during solidification. The non-equilibrium calculation using the 
Scheil model is able to predict the reactions occurred by element accumulation, which is close to 
the solidification process in the real casting. Therefore, the non-equilibrium calculation was used to 
determine the reactions at lower temperatures in this part of study. The solidification curves were 
calculated using the Scheil model, as shown in Fig. 4.39. There was almost no change for the 
liquidus with the addition of Zn. The main reactions during solidification are: (1) L Al15Mn3Si2, 
(2) L  Al15FeMn3Si2+ α-Al,[Zn< 3.5wt.%], (2*) L  Al15FeMn3Si2 + Mg2SiP[Zn=4wt.%], (3) L 




Mg2Si+Al + AlMgZn +Al3Mg2. Zn rich phase was formed at 449°C - 468°C, where the reaction 
temperature slightly increased with increasing in Zn content. Solidification finished with the 
formation of the eutectic reaction of Al15FeMn3Si2+ Mg2Si+Al + AlMgZn +Al3Mg2 at 440°C. 
When Zn addition was varied from 1wt.% to 4wt.%, the solid fraction of Al3Mg2 slightly decreased 
from 4% to 3.5%, , whilst Zn-rich intermetallic phase increased from 1.35wt.% to 3.9wt.%. 
 
 
Fig. 4.37 Cross section of the equilibrium phase diagram of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy. 
 






























Fig. 4.39 Effect of Zn on the non-equilibrium solidification of Al-8Mg2Si-6Mg-0.6Mn alloy. 
 
4.5.2 As-cast Microstructure of the Die Cast Al-8Mg2Si-6Mg-0.6Mn-xZn 
Alloys 
In the experiments, Zn additions were 1.2wt.%, 2.3wt.%, 3.2wt.%, and 4.3wt.%, respectively. 
During casting, the melt was prepared using the standard procedure, as described in Chapter 3. The 
casting temperature was controlled at 60°C above the calculated liquidus of each alloy. 
 
Fig. 4.40 shows the as-cast microstructure of the Al-8Mg2Si-6Mg-0.6Mn alloy, with varied Zn 
ranging from 1.2 to 4.3wt.%. The phase with a Chinese script morphology (brighter) was observed 
along the grain boundaries of the divorced eutectic α-Al phases. The solid fraction of the Chinese 
script phases was increased with increaseing Zn content. When Zn content increased from 1.2wt.% 
to 4.3wt.%, the solid fraction of Chinese script phase was increased from 4.3% to 12.4%, as 
quantified in Fig. 4.41. Small polygonal shaped Mg2Si phases (3-5µm) were observed in all of the 
Zn containing alloys. The SEM/EDX quantification revealed that the Chinese script morphology 
phase was AlMgZn intermetallics, as shown in table 4.5. The element Zn ratio in the compound 
increased compositions of Al11Mg5Zn0.6, Al11Mg5Zn1.1, Al10Mg5Zn1.5, and Al9Mg5Zn1.9 for 1.2wt.%, 
2.3wt.%, 3.2wt.%, and 4.3wt.% Zn contents, respectively. The high resolution image in Fig. 4.42 
confirmed that the AlMgZn intermetallic phase contained the precipitation of another phase. The 



























Fig. 4.40 SEM Backscattered electron image showing the microstructure of the Al-8Mg2Si-6Mg-0.6Mn alloy with different 
amount of Zn, (a), 1.2wt.% Zn (b)2.3wt.% Zn, (c) 3.2wt.% Zn, and (d) 4.3wt.% Zn. 
(a) (b) 
(c) (d) 
AlMgZn phaes  
AlMgZn phaes  
AlMgZn phaes  





Fig. 4.41 Effect of Zn on the solid fraction of Zn-rich intermetallics in the Al-8Mg2Si-6Mg-0.6Mn 
alloy. 
 
Fig. 4.42 SEM Backscattered electron image showing the morphology of the AlMgZn 
intermetallics in the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy. 
 
As Zn can significantly increase the alloy solidification range, one of the main concerns was the 
formation of hot tearing during casting. However, there was no hot tearing found in the 
experiments. On the other hand, the porosity quantification in the castings also showed that the 
increase of Zn contents only slightly increased porosity levels, as shown in Fig. 4.43. When Zn 
content was increased from 1.2wt.% to 4.3wt.%, the porosity level was increased from 0.96% to 
1.24%. This confirms that Zn content does not significantly promote the formation of porosity in 



























Table 4.5 Composition of Zn-rich intermetallic phases in the Al-8Mg2Si-6Mn-0.6Mn–xZn alloys 








     
1.2 Al11Mg5Zn0.6 66.26 30 3.64 
2.3 Al11Mg5Zn1.1 63.23 30.25 6.52 
3.2 Al10Mg5Zn1.5 59.5 80.87 9.64 
4.3 Al9Mg5Zn1.9 56.5 31.63 11.87 
 
 
Fig. 4.43 Effect of Zn on the porosity level in the Al-8Mg2Si-6Mg alloy. 
4.5.3 Effect of Zn on Mechanical Properties 
Fig. 4.44 shows the yield strength, UTS and the elongation of the Al-8Mg2Si-6Mg-0.6Mn-xZn 
alloys. It is found the yield strength of the Al-8Mg2Si-6Mg-0.6Mn alloy was significantly 
increased when Zn was added, but the elongation was decreased. The yield strength was increased 
by 24%, from 198MPa to 245MPa when Zn content increased from 1.2 to 4.3wt.%. The elongation 
was decreased by 58%, from 5.3% to 2.2% in the same range of Zn addition. However, there was 


























The addition of Zn in Al-8Mg2Si-6Mg-0.6Mn alloy result in the formation of Zn rich intermetallics, 
when Zn content is higher than 1wt.%. The AlMgZn intermetallics are located in the grain 
boundaries between the eutectic α-Al/Mg2Si phases. The formation temperature is around 449°C to 
468°C, with a typical composition of Al9Mg5Zn1.9. There was no significant increase in the 
porosity when up to 4.3wt.% Zn is added in the Al-8Mg2Si-6Mg-0.6Mn alloy. Zn addition gives a 
significant increase in yield strength but decrease in elongation of the Al-8Mg2Si-6Mg-0.6Mn alloy, 
whilst the UTS is maintained at a level of 340Mpa to 350MPa. The Zn addition is considered as a 










































4.6 Effect of Cu Content on the Al-8Mg2Si-6Mg-0.6Mn Alloy 
Cu is expected to form Al2Cu phases in the Al-8Mg2Si-6Mg-0.6Mn alloy and Al2Cu phase can 
increase the mechanical properties under as-cast and heat-treated conditions. In this section, the 
effect of Cu addition on the solidification, microstructural evolution and the mechanical properties 
of the Al-8Mg2Si-6Mg-0.6Mn alloy were investigated by the combination of thermodynamic 
calculation and the experimental validation.  
4.6.1 CALPHAD of the Multi-component Al-8Mg2Si-6Mg-Cu System 
The effect of Cu on the phase formation in the Al-8Mg2Si-6Mg-0.6Mn alloy can been seen from 
the calculated equilibrium phase diagram in Fig. 4.45. When Cu was below 1.5wt.%, there was no 
change in the the liquidus temperature of the Al-8Mg2Si-6Mg-0.6Mn alloy. However, the solidus 
temperature was decreased. A quaternary eutectic reaction occurred at 1.24wt.% Cu, during which 
the S (AlMgCu) phase was formed with the Al15FeMn3Si2 and Al+Mg2Si phases. Therefore, the 
alloy solidification range was increased with the raise in Cu content, as shown in Fig. 4.46. 
Without Cu in the alloy, its solidification range was 83°C, but when 1wt.% Cu was added, the 
solidification increased to 127°C. In comparison with the effect of Zn, Cu was more effective to 
increase the solidification range.  
 
Similar to Zn, Cu in the Al-8Mg2Si-6Mg-0.6Mn alloy was not involved in any reaction at the 
beginning of solidification and its concentration accumulated with the temperature drop. Therefore, 
the formation of Cu phase was also out of the equilibrium phase diagram range during casting. 
Thus, the non-equilibrium calculation was conducted in the Al-8Mg2Si-6Mg-0.6Mn-xCu alloys, 
where the results are shown in Fig. 4.47. The addition of Cu is similar to Zn, as it had no change on 
the liquidus of the Al-8Mg2Si-6Mg-0.6Mn alloy; and the main reactions during solidification are: 
(1) L Al15FeMn3Si2, (2) L  Al15FeMn3Si2+ Mg2Si, (3) L  Al15Mn3Si2+ Mg2Si+α-Al, (4) L  
Al15FeMn3Si2+ Mg2Si+Al + AlMgCu, (5) L  Mg2Si+Al + AlMgCu +Al3Mg2. The AlMgCu 
phase was formed at 462°C - 472°C and the reaction temperature slightly increased with increasing 
Cu content. Solidification was finished with the formation of Al15FeMn3Si2+ Mg2Si+Al + AlMgCu 
+Al3Mg2 at 447°C. The finishing temperature was 7°C higher than that in the Al-8Mg2Si-6Mg-
0.6Mn alloy with Zn content. The solid fraction of Al3Mg2 dramatically was decreased from 1.9wt.% 
to 0.065wt.%, when increasing Cu content from 0.3wt.% to 0.9wt.%, whilst the Cu-rich 
intermetallic phase was increased from 2.7wt.% to 4.9wt.% at the same addition levels. Compared 




(4.9wt.%) than Zn-rich intermetallics (3.9wt.%) formed by 4.3wt.% Zn contents. As small amounts 
of Cu results in a high weight fraction of Cu-rich intermetallics, the Al-8Mg2Si-6Mg-0.6Mn alloy 




Fig. 4.45 Cross section of the equilibrium phase diagram of the Al-8Mg2Si-6Mg-0.6Mn-xCu 
system. 
 
































Table 4.6 Phase formation and the reaction temperature in the Al-8Mg2Si-6Mg-0.6Mn alloy. 
 




L  Al15FeMn3Si2+ (Mg2Si+Al + AlMgCu)E, 462 465 466 472 
L  (Mg2Si+Al + AlMgCu +Al3Mg2)E. 447 447 447 447 
 
Weight fraction (wt.%) 
AlMgCu 
0.027 0.04 0.047 0.049 
Al3Mg2. 0.02 0.008 0.0007 0.0006 
 
 
Fig. 4.47 Effect of Cu on the non-equilibrium solidification of the Al-8Mg2Si-6Mg-0.6Mn alloy. 
 
4.6.2 As-cast Microstructure of the Die Cast Al-8Mg2Si-6Mg-0.6Mn-xCu 
Alloys 
Based on the calculation results, HPDC experimental work were conducted on the Al-8Mg2Si-
6Mg-0.6Mn alloy with 0.32, 0.52, 0.73 and 0.92wt.% Cu. During casting, the melt was prepared 
using a standard procedure, as described in Chapter 3. The casting temperature was controlled at 
60°C above the calculated liquidus temperature of each alloy. 
 
The Cu additions to the Al-8Mg2Si-6Mg-0.6Mn alloy resulted in the formation Chinese script 






























no change in the morphology of eutectic α-Al/Mg2Si structure with Cu addition. Small polygonal 
shaped Mg2Si phase (3-5µm) was observed in all Cu content alloys. The solid fraction of the 
Chinese script phases was increased with increasing Cu content, which was 2.3 % with 0.31wt.% 
Cu ,and 7.8% with 0.92wt.%Cu, as shown in Fig. 4.49. The SEM/EDX quantification identified 
that the Chinese scripts were Cu-rich intermetallics with the Al and Mg, as shown in Table 4.6. It 
is noted that the ratio of element Cu in the compound was increased with the raise in Cu content. 
The composition of Cu-rich intermetallics was Al13Mg5Cu0.5, Al13Mg5Cu0.8, Al13Mg5Cu0.8 and 
Al10Mg4Cu0.92, for 0.31, 0.52, 0.73, and 0.92wt.% Cu contents, respectively. It was similar to the 
AlMgZn intermetallics (Fig. 4.41) that the Al phase was also found inside. The AlMgCu 
intermetallic phases are shown in the high magnification image at Fig. 4.50.  
 
Micro-hot tearing was observed in all Cu containing alloys, and its area fraction increases with 
increasing Cu, as shown in Fig. 4.48 (a)-(d). As micro-hot tearing is one type of porosity in HPDC, 
it was quantified with the gas porosity together, as shown in Fig. 4.51. The porosity level was 1.34% 
at 0.31wt.% Cu, and it increased to 2.46% at 0.92wt.% Cu, which was much higher than the 
porosity level in the Al-8Mg2Si-6Mg-0.6Mn with Zn. From the high resolution images shown in 
Fig. 4.52, it is seen that the micro-hot tearing was surrounded by a bright halo. The composition of 
the bright halo was further confirmed by the SEM/EDX quantification and test results show that 
the white halos were Cu-rich intermetallics. This indicates that the formation of the Cu-rich 
intermetallics promoted the micro-hot tearing formation. The increased porosity level in the Al-





















Fig 4.48 SEM Backscattered electron image showing the microstructure of the Al-8Mg2Si-6Mg-0.6Mn alloy with different 
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Fig. 4.49 Effect of Cu on the solid fractions of Cu-rich intermetallics in the Al-8Mg2Si-6Mg-0.6Mn 
alloy. 
 
Table 4.7 Composition of Cu-rich intermetallic phase in the Al-8Mg2Si-6Mg-0.6Mn alloy 








     
0.31 Al13Mg5Cu0.5 71.22 26.14 2.64 
0.52 Al13Mg5Cu0.8 70.99 24.98 4.03 
0.73 Al13Mg5Cu0.8 69.32 26.66 4.02 
0.92 Al10Mg4Cu0.92 67.56 26.65 5.79 
 
 
Fig. 4.50 SEM Backscattered electron image showing the morphology of AlMgCu intermetallic 

























Fig. 4.51 Effect of Cu on the porosity level in the Al-8Mg2Si-6Mg-0.6Mn alloy. 
 
    
Fig. 4.52 SEM Backscattered electron image showing the hot tearing formed in the Al-8Mg2Si-
6Mg-0.6Mn-Cu alloys with (a) 0.7wt.% Cu, and (b) 0.92wt.% Cu. 
 
4.6.3 Effect of Cu Addition on Mechanical Properties 
The Al-8Mg2Si-6Mg-0.6Mn alloy with varied Cu content were tensile tested using the standard 
procedure, as described in Section 3.51 in Chapter 3. The test results are shown in Fig. 4.53. It is 
found that the yield strength of the Al-8Mg2Si-6Mg-0.6Mn alloy was slightly increased with 
addition of Cu. It was increased from 189MPa to 207MPa, increased by 9.5%, when increasing Cu 
content from 0.31 to 0.92wt.%. However, both the UTS and ductility were decreased. The UTS 
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decreased from 4.8% to 3.5%, decreased by 27%, in the same range of Cu content. Comparing the 
effects of the alloying elements on the mechanical properties of Al-8Mg2Si-6Mg-0.6Mn alloy, both 
Zn and Cu increased the alloy yield strength with the sacrifice of ductility. However, the Cu 
contributed to a less enhancement on the yield strength than Zn does. Besides, Cu resulted in a 
significant reduction in UTS. This is most likely due to the formation of the micro-hot tearing in 
the Cu content alloys. This indicates that Cu is a detrimental element for the Al-8Mg2Si-6Mg-
0.6Mn alloy and should be kept at a low concentration.  
 
 
Fig. 4.53 Mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn-Cu alloy with different levels of Cu 
under as-cast condition. 
 
4.6.4 Summary 
The addition of Cu to the Al-8Mg2Si-6Mg-0.6Mn alloy results in the formation of Cu-rich 
intermetallics. The Cu-rich phases are located in the grain boundaries between the divorced 
eutectic α-Al grains. The formation temperature of the Cu-rich phases is around 462°C to 472°C 
with the combination of AlMgCu. The AlMgCu phase promotes the formation of the micro-hot 
tearing in the as-cast microstructure, and the porosity level is significantly increased with the raise 
in the Cu content. The Cu content can slightly increase the yield strength of the Al-8Mg2Si-6Mg-
0.6Mn alloy but significantly decrease elongation and the UTS. Therefore, Cu is considered a 










































From section 4.1 to 4.6, the effect of various elements on the Al-Mg2Si-Mg alloy microstructure 
and mechanical was studied for achieving a high strength die cast alloy. The addition of the excess 
Mg results in a shift of the eutectic point of Al-Mg2Si to a lower Mg2Si side; and a hypo-eutectic 
Al-Mg2Si alloy can be eutectic or hyper-eutectic by introducing the excess Mg content. The excess 
Mg offers an increase in yield strength of the Al-Mg2Si alloy but a decrease in ductility. The Al-
Mg2Si-6Mg alloy shows a good combination of strength and ductility with a yield strength of 
170MPa, UTS of 340MPa and elongation of 6.9%. Mn addition can significantly increase the yield 
strength without sacrificing ductility of the Al-Mg2Si-6Mg alloy. When Mn content is at a level of 
0.6wt.%, the yield strength increases from 170MPa to 189MPa (11.2%), the UTS increases from 
336 MPa to 352 MPa (4%) and the elongation decreases from 6.9% to 6.5% (6%). The Al-8Mg2Si-
6Mg and Al-8Mg2Si-6Mg-0.6Mn alloys have a high tolerance of Fe. With the Fe content at 
1.6wt.%, the elongation in both alloys can still be maintained above 5%. Moreover, Zn addition 
can give a significant increase in yield strength with sacrifice of ductility but maintaining the UTS 
at a constant level. A slight increase in yield strength was resulted for the addition of Cu, but 
significantly decrease UTS and ductility due to the formation of micro-hot tearing. Zn at a level of 
4.3wt.% in the Al-8Mg2Si-6Mg-0.6Mn alloy can still maintain a low porosity level of 1.24%, with 
a yield strength of 245MPa, a UTS of 350 MPa and an elongation of 2.2%. For a further 
enhancement of the alloy strength, optimised T6 heat treatment will be studied in next section.  
 
4.7 Heat Treatment 
Although the solution treatment is not popular in die cast alloys, the ageing heat treatment is 
applicable in industry to enhance the mechanical properties of aluminium alloys. The heat treatable 
aluminium alloys usually contain Cu, Zn or other effective elements. In order to maximise the 
effect of ageing heat treatments, a quick solution treatment was used to dissolve the solute 
elements into the matrix. As Zn and Cu have been used in the developed alloys, it is of interest to 
find out the effects of the solution treatment, and subsequent ageing heat treatment, on the 
microstructure and mechanical properties. More importantly, it is critical to find out the 
enhancement mechanism by heat treatment in the developed alloys. However, previous 
experimental results have confirmed that the alloy with Cu is prone to forming hot tearing defects 




4.7.1 Optimisation of the Heat Treatment Process 
(a) Solution Treatment 
In this part of study, quick solution treatments were conducted on the diecast specimens. Five 
different solution temperatures were applied in order to optimise the solution process. Due to the 
nature of HPDC, the entrapped air and dissolved hydrogen are commonly existed in the castings. 
Therefore, the diecastings are not eligible for the standard solution treatment. In order to achieve a 
quick solution to dissolve the solute elements near the surface area and to suppress the blistering, a 
temperature between 480°C and 510°C and a processing time from 10 to 30mins were selected.  
 
The initial trials were focused on observing when and at what temperature the blisters occurred on 
the external surface and the internal porosity levels of the heat treated castings. The external 
surface was checked by general view on the smooth surface, as shown in Fig. 4.54. It was found 
that there was no blistering in the middle of the samples for all conditions. Surface blistering was 
only found on the top part of the samples (d, e, h-l). The internal porosity was also classified into 4 
levels and presented in Fig. 4.55. During evaluation, the heat treated castings were cut in the 
middle and the microstructures were compared with the typical microstructure shown in Fig. 4.60, 
then a mark was given to the sample. The results are shown in Table 4.8 for different combinations 
of heat treatment processes. It is seen that no blistering was observed in the samples treated at 
480°C and 490°C for 15mins, which were marked as level „1‟. However, the porosity level was 
increased to „2‟ after 20mins at 480°C and 490°C, and further increased to level „3‟ after being at 
480°C for 30mins. For the sample processed at 500°C and 510°C, the porosity level reached to 
level „2‟ after 10mins processing. Higher levels of porosity were obtained in the samples after 
15mins. In reality, the decrease of the property and the change in microstructure have confirmed 
that only level „1‟ of the porosity is acceptable. Therefore, the quick solution needs to be controlled 










Fig. 4.55 The representative micrographs showing the porosity levels in the quick solution treated 
samples of the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy, (a) level 1 showing no obvious porosity, (b) 






porosity size is over 50µm but less than 100µm, (d) level 4 showing that the porosity is over 
100µm. 
 
Table 4.8 Assessment results showing the effect of the time and temperature of quick solution 
treatment on the porosity levels in the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy. 
 
T °C 480 490 500 510 
Time (mins.) 10 15 20 30 10 15 20 30 10 15 10 15 
Porosity level 1 1 2 3 1 1 2 4 2 3 2 4 
 
 (b) Ageing Treatment 
According to the equilibrium phase diagram of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy, shown in 
Fig. 4.42, the solubility of Zn in the alloy was at a level of 0.2wt.% at 200°C and was 0.15wt.% at 
ambient temperature. This offered the potential for the property enhancement by artificial aging 
because the supersaturated Zn could be precipitated from the matrix through the formation of 
AlMgZn intermetallics. 
 
Artificial ageing was conducted on the samples that had been solution treated at 490
o
C for 15mins. 
The ageing temperature was set at 160°C and 180°C. The hardness at different ageing times is 
shown in Fig.4.56. It is seen that the maximum hardness was very close for the two temperatures. 
One was 172Hv obtained at 160
o
C and the other was 170Hv obtained at 180
o
C. However, the times 
to reach its peak ageing were quite different. It was 90mins for the sample processed at 180
o
C, but 
a much prolonged time of 600mins was needed for the sample aged at 160
o
C. This confirmed that 
the aged time was about 7 times longer at 160
o
C than that at 180
o
C. Therefore, the ageing process 
should be 180
o






Fig. 4.56 The relationship between the semi-macro hardness (HV) and the ageing time in the Al-
8Mg2Si-6Mg-0.6Mn-0.43Zn alloy at (a) 160°C and (b) 180°C. 
4.7.2 The Microstructure after Quick ageing heat treatment 
Fig. 4.57 shows the montage of the microstructure from the surface to the centre of the tensile 
samples before and after solution treatment. The differences between the microstructures were seen 
in the two samples. In Fig. 4.57 (a) of the as-cast state sample was under the microstructure is 
essentially the same from the surface to the centre, in particular in the AlMgZn phase, which has 
been identified in Fig. 4.40, and was found throughout the surface. However, the microstructure 
was altered from the surface to the centre in the samples after a quick solution treatment. In Fig. 
4.57 (b), the majority of the AlMgZn intermetallics had disappeared. As the higher volume fraction 
of the AlMgZn intermetallics were near the surface region, there were still some un-dissolved 
AlMgZn phase. Small amounts of un-dissolved AlMgZn intermetallics were also observed in the 
middle of the sample. This confirmed that the quick solution treatment affected not only the 
surface layer, but throughout the whole samples. Zn concentration analysis at different locations 
from the surface to the centre of the sample are shown in Fig. 4.58, which confirmed that the 
increased concentration was found in an area where AlMgZn intermetallics were dissolved into the 
matrix. Therefore, Zn concentration in the quick solution heat treated sample is much higher than 
the non-heat treated one, throughout the cross section of the sample. This can be further confirmed 
by the hardness test from the surface to the centre of the casting samples, as shown in Fig. 4.59. An 
apparent drop of hardness along the cross section was observed for the sample after the solution 
treatment at 490
o
C for 15mins. The results in the hardness test agreed very well with the 
microstructural observation shown in Fig. 4.57, in terms of the distribution of AlMgZn 
intermetallic phase on the cross section. This implies that the quick solution treatment is applicable 



























Fig. 4.57 The montage of SEM Backscattered electron image from the surface to the centre of 
diecast Al-8Mg2Si-6Mg-0.6Mn-0.43Zn alloy obtained (a) under as-cast condition (b) after solution 
at 490°C for 15 mins. 
 
 
Fig. 4.58 The concentration of Zn from the surface to the centre of the diecast Al-8Mg2Si-6Mg-




































Fig 4.59 The hardness on a cross section of the diecast Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy from 
the surface to the centre, (a) under as-cast condition (b) after solution treatment at 490°C for 15 
mins. 
 
    
 
Fig. 4.60 SEM Backscattered electron image showing the detailed microstructure of the Al-
8Mg2Si-6Mg-0.6Mn-4.3Zn alloy (a) under as-cast condition and without solution treatment, (b) 




























In order to further confirm the effect of the solution treatment, the detailed microstructure of the 
Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy before and after solution treatment were examined at the 
section 1mm depth from the surface of the sample, as shown in Fig. 4.60. It can be clearly seen that 
the majority of the AlMgZn intermetallics were dissolved into the matrix after 15mins at 480°C; 
and completely dissolved into the matrix after 15mins at 490
o
C. On top of that, the Mg2Si phase in 
the eutectics was found to be spheroidised after 15mins at 490
o
C. Therefore, the preferred solution 
treatment should be at 490°C for15mins in terms of dissolving the AlMgZn intermetallics and 
spheroidsation of eutectic Mg2Si phase.  
4.7.3 The Mechanical Properties after Quick Solution Treatment 
Fig. 4.61 shows the mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloys under as-cast 
condition and solution heat treated at 490°C for 15mins. Comparing to the as-cast mechanical 
properties, the elongation was significantly increased with a sacrifice of yield strength, but the UTS 
was slightly increased. By comparing the stress-strain curves of the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn 
alloy, as shown in Fig. 4.62, the slope of yield strength became smaller in the samples after 
solution treatment, which means the elastic deformation is weakened after solution treatment. 
Furthermore, the slope after yield strength was also flatted. Therefore, the strain enhancement was 
also reduced for the sample obtained by the quick solution treatment. The results are similar with 
other heat treatable alloys. An increase of the mechanical properties after ageing was expected. 
 
 
Fig. 4.61 Effect of Zn content on the mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn-xZn 
alloy after solution treatment at 490
o












































Fig. 4.62 The tensile test curves of the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy before and after 
solution treatment at 490
o
C for 15mins. 
4.7.4 Mechanical Properties after Ageing Heat Treatment 
In order to confirm the effect of the ageing treatment on the mechanical properties of the developed 
alloy, hardness was tested at different Zn levels in the alloy and the mechanical properties at 
optimised composition were further assessed.  
 
Fig. 4.63 shows the hardening-time curves of the samples at an ageing temperature of 160°C and 
180°C, respectively. The increase in hardness was insignificant when the alloys contained less than 
3.2wt.% Zn for ageing at 160
o
C and 180°C. Peak hardness was achieved at a period of around 8-10 
hrs at 160°C and only 1.5hrs at 180°C. The times to achieve peak hardness were slightly different 
for the different Zn contents. A higher Zn content needed prolonged ageing times, although the 
variation was within 2hrs at 160°C and 1hr at 180°C. The initial hardness, peak hardness and the 
increase are summarised in Table 4.9. It is clear that the alloy containing 4.3wt.% Zn exhibited a 
greater response to the ageing treatment, where hardness was increased by 30% after the treatment. 
Therefore, the optimised ageing condition would be 180°C for 1.5hrs. 
 
Following the hardness test, the mechanical properties of the tensile samples that were solution 
heat-treated at 490°C for 15mins and water-quenched to ambient temperature were assessed after 
ageing at 180
o























and the UTS were significantly enhanced and the ductility was still much higher than that of the as-
cast conditions after solution and ageing treatment. For instance, when Zn was 1.2wt.%, elongation 
was 8.4%. When Zn was increased to 4.3wt.%, elongation decreased to 3.25%. In comparison with 
the elongation of 2.2% under as-cast condition, elongation in the solution and aged samples was 
about 1.5 times than that in as-cast condition. If comparing elongation of the sample after solution 
treatment, a 52 % reduction was found in the experimental results. However, the yield strength was 
significantly enhanced only for the alloy with Zn content at 4.3wt.%, in relative to the as-cast 
condition. With 1.2wt.%Zn, the yield strength of the samples under as-cast condition was 198MPa, 
which was reduced to 179MPa after solution treatment, but increased to 193MPa after solution and 
aging heat treatment. With 4.3wt.% Zn, the yield strength of the samples under as-cast condition 
was 245MPa, which was reduced to 196MPa after solution treatment, but increased to 355MPa 
after solution and ageing treatment. The solution and ageing treatment provided a significant 
increase of 44% in comparison with that under as-cast condition. Similarly, the UTS was increased 
to 425MPa for the alloy with 4.3wt.%Zn. The increase was around 21% in comparison with that 
under as-cast condition. The results revealed that the solution and ageing were capable of 
increasing the strength of the die cast Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy, but still maintained 
elongation at an acceptable level. 
 
Table 4.9 The initial hardness and peak hardness of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy before 
and after artificial aging heat treatment at 480
o
C for 15mins. 
  
1.2wt.%Zn 2.3 wt. %Zn 
3.2 
wt. %Zn 4.3 wt. % Zn 
160
o
C Ini. hardness (Hv) 109 115 120 132 
 
Peak hardness 
(Hv) 117 123 135 172 
 
Increase (%) 7.3 7.0 12.5 30.3 
180
o
C Ini. hardness (Hv) 109 115 120 132 
 
Peak hardness 
(Hv) 116 123 130 170 
 









Fig. 4.63 Semi-macro hardness (HV) of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloys as a function of 











































Fig. 4.64 Effect of Zn on the mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy after 
solution treated at 490°C for 15mins and aged at 180 °C for 90 min. 
 
4.7.5 Microstructure under Ageing Heat-treated Conditions 
Fig. 4.65 shows the microstructure of the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy, which was obtained 
from backscattered SEM image near the surface of samples, before and after ageing treatment. No 
observable difference could be found from the two samples by the TEM analysis. The solution and 
aged samples were further examined by TEM, and the results were compared with that of the same 
sample without heat treatment. The specimen preparation and the TEM characterisation procedures 
have been described in Chapter 3.4.4. The bright field TEM micrographs of the samples are shown 
in Fig 4.66. It is seen that no precipitates were found in Zn containing alloy at the as-cast state, and 
few precipitates were found in the Al matrix in the same alloy under solution and ageing heat 
treated conditions. However, very different results could be found in the samples with 4.3wt.%Zn, 
as there was a large amount of coarse precipitates (200 nm) found in the Al matrix of the alloy 
under as-cast condition. Many of precipitates ranged from 20-40nm and were found randomly 
distributed within the Al grains. The results confirmed that the significant increase in hardness and 









































Fig. 4.65 SEM Backscattered electron image showing the microstructure of the Al-8Mg2Si-6Mg-
0.6Mn-4.3Zn alloy near the surface of samples (a) with and (b) without ageing treatment after 
solution treated at 490
o
C for 15 mins. 
4.7.6 Summary 
The solution and ageing treatment confirmed that Zn plays a critical role in enhancing the 
mechanical properties of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy. In the heat treatment, the AlMgZn 
intermetallics in the casting are dissolved into the matrix during the quick solutioning and 
precipitate during ageing. However, Zn content needs to be at a level of around 4.3wt.% to provide 
significant improvement in the mechanical properties. The optimised heat treatment schedule was 
490°C for 15mins for solution treatment and 180°C for 90 mins for the following ageing treatment. 
The yield strength and UTS of the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy was 245MPa 345MPa at 
the as-cast condition, and they increased to 355MPa and 425MPa, respectively, after the heat 
treatment. The increase is 43% for the yield strength and 23% for the UTS. The elongation was 












Fig. 4.66 TEM micrographs showing the precipitates of AlMgZn phase in the primary α-Al phase 
of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy,(a) 0wt. % Zn under as-cast condition,(b) 0 wt. % Zn 
under solution and aged condition, (c) 2.3wt. % Zn under as-cast condition, (d) 2.3wt. % Zn under 
solution and aged condition, (e) 4.3wt. % Zn under as-cast condition, (f) 4.3wt. % Zn under 








Chapter 5 Discussion 
In the castings made by high pressure die casting process, mechanical properties are determined by 
the microstructural characteristics and the level of defects. Because the microstructure and defects 
are directly associated with the solidification process, the discussion in this chapter focuses on (1) 
the solidification, microstructural evolution and phase formation in the developed alloys, (2) defect 
formation during casting, and (3) the relationship between the microstructure and mechanical 
properties under as-cast condition, as well as under heat treatment condition. 
5.1 Solidification Process of Al-Mg2Si Alloy with Varying Solute 
Elements 
The solidification in HPDC is a two-step process [3, 9, 37]. It starts when the melt is in contact 
with the shot sleeve and is then interrupted by the die filling. Due to the relatively low temperature 
in the shot sleeve, the melt in contact with the shot sleeve is immediately cooled to a temperature 
below the liquidus. A limited number of nuclei is survived and grew into coarse dendrites under a 
cooling rate of ~100°C/s in the shot sleeve [3, 65, 137], up to 20% of the melt can be solidified in 
the shot sleeve. The pre-solidified dendrites are then partially fragmented when passing through the 
narrow ingate of the die with a turbulent flow of high speed. During the die filling process, due to 
the temperature variation and high flow rate, the Marangoni motion [44] in the non-uniform 
temperature field and the Stoke‟s motion [44] in the gravity field result in the segregation of the 
primary phases in the middle of the casting section. This leads to the formation of a non-uniform 
structure. After the melt enters the die cavity by the high turbulent flow, the remaining melt has a 
relatively homogeneous temperature and composition field.  The nucleation is expected to take 
place throughout the remaining liquid under the higher cooling rate (~1000°C/s) inside the die 
cavity. A large number of nuclei can survive and grow up until the end of solidification. 
 
In the following section, the effect of different alloying elements on the solidification process of 




5.1.1 Solidification Process of Al-Mg2Si-Mg Alloys 
In this study, it is found that varied excess Mg contents results in the formation of eutectic and 
hyper-eutectic microstructures in the selected hypo-eutectic Al-Mg2Si alloys, as shown in Figs. 4.5 
to 4.7. This is because the eutectic point of the Al-Mg2Si pseudo-eutectic system is shifted to a 
lower Mg2Si content by the addition of the excess Mg. This can be demonstrated by the calculated 
non-equilibrium phase diagrams, as shown in Figs. 4.1 to 4.2. Because the Al-Mg2Si alloys are 
based on the Al-Mg-Si system, the addition of excess Mg to the selected Al-Mg2Si alloys is similar 
to adding Mg to an Al alloy which has constant Si content. In order to further understand the effect 
of excess Mg on the phase formation of the Al-Mg2Si hypoeutectic alloys better, an isothermal 
phase diagram of Al-Mg-Si system at 592°C is calculated, as shown in Fig. 5.1. The dash line 
represents the weight percent of Mg:Si at 1.73:1 which is the required composition ratio for the 
Mg2Si phase formation. In the alloy with a constant Si level over 1wt.%, the primary phase is 
changed from α-Al phase to Mg2Si phase when increasing Mg to an appreciated level. Since there 
is a narrow gap between the region of L+Mg2Si and L+Al, the eutectic Al-Mg2Si-Mg alloy can be 
made with an appropriate level of Mg addition with a start of Al-Mg2Si alloy composition.   
 
Fig.5.1 Calculated horizontal isothermal phase diagram of Al-Mg-Si system at 592°C. The dash 
line represents the weight percentage of Mg:Si at 1.73:1. 
 
In the present study, the increase of excess Mg content in Al-Mg2Si alloys results in a reduction of 
the solid fraction of the primary α-Al phase, but an increase of the solid fraction of eutectic phase 
and further the promotion of the formation of the primary Mg2Si phase. Also, a decreased 




















the excess Mg, as shown in Fig. 4.3. The reduced solidification range favours the die filling 
behaviour of the alloy during casting. Therefore, all the Al-Mg2Si-Mg alloys melt have been 
successfully die cast. As the microstructure of the Al-Mg2Si alloys is altered by excess Mg, 
solidification of the alloys is following in three paths. 
Hypo-eutectic Alloys  
In hypo-eutectic Al-Mg2Si-Mg alloys, the main continent phases in the as-cast microstructure are 
primary α-Al and eutectic Al/Mg2Si phase. For instance, the Al-8Mg2Si-2Mg alloy is at hypo-
eutectic composition. The solidification process starts from the precipitation of the primary α-Al 
phase in the shot sleeve and continues in the die cavity. Due to the lower cooling rate in the shot 
sleeve, the α-Al phase grows into dendrites with their size around 100-200µm. Those dendrites are 
subsequently fragmented when passing through the narrow ingate during die filling. Inside the die 
cavity, the metallic die blocks can provide a higher cooling rate (~1000°C /s). The high cooling 
rate inside the die cavity provides a high nucleation rate in the remaining melt [3, 9]. Therefore, the 
primary α-Al grains formed in the die cavity are finer than those formed in the shot sleeve. In the 
meantime, the eutectic α-Al/Mg2Si grows up in the die cavity. The Al/Mg2Si eutectic phase 
displays a fine laminar/fibrous type structure due to the high cooling rate in the die cavity. Similar 
results can be readily found in the diecast Al-Si and Al-Mg-Si alloys in which the eutectic Si or 
Mg2Si phases exhibits as a fine laminar/fibrous typed structure [4, 138].  β-Al3Mg2 phase is also 
precipitated at 450 ℃ at the final stage of solidification. 
 
In the Al-8Mg2Si-4Mg and Al-10Mg2Si-2Mg alloys, Mg2Si eutectic phase with coarse flake shape 
was observed besides the fine laminar/fibrous type eutectics in the as-cast microstructure, as shown 
in Fig.4.11 (b). This is because the solid fraction of the primary α-Al phase is decreased with the 
increase of Mg content.  Consequently, part of the α-Al/Mg2Si eutectic phase is precipitated in the 
shot sleeve. With a lower cooling rate in the shot sleeve, the eutectic phase formed in the shot 
sleeve shows a coarse morphology. Also, the Mg2Si eutectic phase grows in a faceted manner.  
Eutectic Alloys 
It is seen in Fig. 5.1 that the region of the strict eutectic Al-Mg2Si-Mg composition alloy is very 
narrow. It is therefore difficult to make an alloy displaying a fully eutectic structure, and the actual 
composition of the eutectic alloys in the present study are still within the hypo-eutectic side. 
Therefore a small amounts of the primary α-Al phase are formed as the leading phase at the 




eutectic reaction. The solidification of the Al-8Mg2Si-6Mg alloy starts with the precipitation of 
primary α-Al phase, followed by the formation of α-Al/Mg2Si eutectics phase in the shot sleeve, 
which continues to precipitate in the die cavity. Two types of eutectic phases are formed due to the 
different cooling rate in the shot sleeve and in the die cavity. The coarse flakes and the fine 
laminar/fibrous Mg2Si forms are formed in the shot sleeve and die cavity, respectively, as shown in 
Fig. 4.11 (c) and (d). It is noted that the α-Al/Mg2Si eutectic phase shows a divorced characteristic. 
This is because the weight fraction of α-Al in the eutectic structure is increased with the increase of 
Mg content in Al-Mg2Si alloys. As the weight fraction of the Mg2Si is constant in the selected Al-
Mg2Si alloys, the ratio between the α-Al and Mg2Si is increased in the eutectic structure, as shown 
in Fig. 5.2. Consequently, the solid fraction of the eutectic Mg2Si formed in the eutectic phase is 
diluted in the as-cast microstructure, and showing a divorced character.  
 
 
Fig. 5.2 The calculated weight fraction ratio of α-Al:Mg2Si  in the eutectics  of Al-Mg2Si alloys 
with different levels of excess Mg. 
 
Different from the hypo-eutectic alloys, the primary Mg2Si particles can be observed in the eutectic 
Al-Mg2Si-Mg alloys. Similar phenomenon can also be found in Al-Si eutectic alloys, in which the 
primary Si phase can be observed [139-141]. It is believed that the formation of the primary Si 
phase in eutectic Al-Si alloys is due to the segregation and the formation of Si clusters, which has a 
high tendency to nucleate and grow at the liquid/solid interface [141]. Once the concentration of Si 
at the solid/liquid interface exceeds the eutectic composition, the primary silicon can be 
precipitated during the solidification [141]. However, the mechanism for the primary Mg2Si phase 
formation in eutectic Al-Mg2Si-Mg alloys is different from that of primary Si phase in Al-Si 





























the α-Al phase. As the alloy composition is very close to the eutectic point, the melt composition at 
the liquid/solid interface can be easily shifted into the hyper-eutectic composition region. The 
primary Mg2Si phases are therefore formed in the eutectic alloys. Since the melt segregation can 
occur in both shot sleeve and die cavity, two different sizes of the primary Mg2Si phase are formed 
due to the difference in the cooling rates. Similar to hypo-eutectic Al-Mg2Si-Mg alloys, the 
solidification process for the eutectic composition alloys finish with the formation of the eutectic β-
Al3Mg2 phase at 450 °C.  
Hyper-eutectic Alloys 
The solidification of the hyper-eutectic Al-Mg2Si-Mg alloys starts from the formation of the 
primary Mg2Si phase in the shot sleeve, followed with the eutectic reaction of L→α-Al+Mg2Si 
eutectics in the shot sleeve if the alloy composition is close to eutectic point. The solidification 
continues in the die cavity after the melt is injected into the die cavity. With further decreasing the 
melt temperature, the solidification finishes with the formation of eutectic β-Al3Mg2 phase at 
450°C. 
5.1.2 Fe Addition 
Fe is a common impurity in aluminium alloys. As the solubility of Fe in solid-Al is very low (max 
0.052wt.%), the majority of Fe is in the form of intermetallic compounds [1, 72]. In commercial 
aluminium alloys, primary Fe-rich phases, such as Al8Fe2Si, Al5FeSi, Al8FeMg3Si6 (in Al-Si alloys) 
and Al13Fe4 (in Al-Mg alloys) may form when Fe content is increased [48, 131, 142-144].  
 
In the section 4.3, effect of Fe at various levels on the microstructure evolution has been studied in 
the Al-8Mg2Si-6Mg alloy. The experimental results have shown that: (1) There are two types of Fe 
intermetallics can be formed in two solidification stages of the HPDC process; i.e. the coarse Fe-
rich phase formed in the shot sleeve and the fine Fe-rich phase formed in the die cavity. (2) The 
eutectic Fe-rich phase forms when the Fe addition is below 0.43wt.%, and the primary α-AlFeSi 
phase forms when Fe content is above 0.43wt.%. (3) The long needle shaped β-AlFe phase is 
formed when Fe is 1.6wt.%, where both size and volume fraction of the β-AlFe phase increase 
with a further raise of the Fe content to 1.8wt.%.  
 
According to the calculated equilibrium phase diagram of the Al-8Mg2Si-6Mg-xFe alloys in Fig 




phase forms when Fe content exceeds 0.43wt.%. Obviously, this contradicts the experimental 
result. The α-AlFeSi phase was indeed observed in the as-cast microstructure when Fe content is 
below 1.6wt.%, and the needle shaped β-Al13Fe4 was found until the Fe content excess 1.6wt.%. 
There could be two possibilities for the contradiction between the thermodynamic calculation and 
experimental results. Firstly, the Fe limit of forming primary β-Al13Fe4 phase can be potentially 
shifted to a higher value by the high cooling rate in the HPDC process. It was reported by Belov et 
al. [72] that the cooling rate had a great effect on the formation of the primary Fe-rich phase. 
Kovács [145] pointed out that the primary solidification fields of the Al3Fe, Al8Fe2Si, and Al5FeSi 
phases was shifted by the high cooling rate during solidification. In Al-Si-Fe alloy systems, the 
composition region for the formation of primary Al13Fe4 phase formation can be significantly 
narrowed by the increase of the cooling rate during solidification. With the increase of the cooling 
rate, these fields are drifted towards a lower Si concentration. Consequently, the primary β-Al13Fe4 
phase has less change to form even in alloys containing 2-3wt.% Si. The higher the cooling rate is, 
the greater the chance of forming the α-Al8Fe2Si phase [145].  Secondly, the formation of α-AlFeSi 
phase can be due to the limitation of the Al8 database. Because the alloys studied in the present 
research is lacking of previous experimental data, the Al8 database may unable to correctly 
calculate the Fe phase formation within the alloying range.  
 
There should be a region in the Al-8Mg2Si-6Mg-xFe alloys for the primary α-AlFeSi phase 
formation. As the primary α-AlFeSi phase is observed when Fe content is between 0.43wt.% and 
1.6wt.%, the region for the α-AlFeSi phase formation should be within this range. Thus, the 
solidification process for the alloy with varied Fe additions are generally following three ways. 
When the Fe addition is below 0.43wt.%, the solidification process starts from the precipitation of 
the primary α-Al and followed with the eutectic α-Al/Mg2Si in the shot sleeve. In the meantime, Fe 
is accumulated in the remaining melt, and the eutectic α-AlFeSi phase is precipitated few degrees 
below the formation temperature of the Al/Mg2Si eutectic phase. When Fe addition is between 
0.43wt.% and 1.6wt.%, the solidification starts from the precipitates of α-Al12.3FeSi0.2 phase, which 
is exhibited as dendrites prior to the primary α-Al/α-Mg2Si. When the Fe addition exceeds 1.6wt.%, 
the solidification starts from the precipitates of the needle shaped β-Al14.4Fe4 phase prior to theα-
AlFeSi phase, and followed by primary Mg2Si phase. The solidification is finished with the 




5.1.3 Mn and Mn+Fe Additions 
According to Mondolfo [68], the Al6Mn and Al15Mn3Si2 intermetallic phases should be formed in 
Al alloys with Mn and Si. However, there is always the existence of a minor amount of Fe in the 
commercial aluminium alloys, consequently, the Mn-rich intermetallics are normally existing as 
MnFe-rich phases [72]. In most manganese compounds, Fe can replace a large amount of 
manganese without changing the crystal type [72]. In the Cu free alloys, Al16FeMn, and 
Al15(Fe,Mn)3Si2 are the most common compounds [48, 68]. When there is Cu in the alloy, 
Al6(Cu,Fe,Mn), Al15(Cu,Fe,Mn)3Si2, and Al20Cu2Mn3 can form. All those phases are in equiaxed 
crystal structures and have Chinese script or polygonal morphology [9, 48, 68].  
 
In the present study, the Al-8Mg2Si-6Mg alloy with a numbers of Mn content is studied. As there is 
an existence of 0.1wt.% Fe in the Al-8Mg2Si-6Mg alloy, the polygonal shaped α-AlFeMnSi 
intermetallics are formed with a typical composition of Al9(Fe,Mn)2Si. According to calculated 
equilibrium phase diagram for the Al-8Mg2Si-6Mg-xM alloy, primary α-AlFeMnSi intermetallics 
precipitate when the Mn addition exceeds 0.33wt.%, as shown in Fig. 4.15. Thus, the solidification 
process for the alloy with 0.19wt.% Mn starts from the precipitate of a small amount of primary α-
Al phase and α-Al/Mg2Si eutectic in the shot sleeve, and continues in the die cavity. In the 
meantime, the concentration of Mn is accumulated and the α-AlFeMnSi phase precipitates. 
According to the non-equilibrium calculation, the Mn-rich intermetallic phase precipitates at 588°C, 
which is a few degrees below the eutectic α-Al/Mg2Si reaction temperature. For the alloys with a 
Mn content exceeding 0.41wt.%, the solidification starts from the precipitation of the primary α-
AlFeMnSi phase, prior to the primary α-Al in the shot sleeve. As there is limited amount of α-
AlFeMnSi intermetallics, primary α-Al phase and part of α-Al/Mg2Si eutectic phase are also 
precipitated in the shot sleeve, and continue precipitated in the die cavity. Due to the different 
cooling rates from the shot sleeve and die cavity, α-AlFeMnSi intermetallics formed in the shot 
sleeve are much bigger than that formed in the die cavity.  
 
When Fe content is increased in the Al-8Mg2Si-6Mg-0.6Mn alloy, the total solid fraction of the 
FeMn-rich intermetallics is raised. According to the calculated equilibrium phase diagram for the 
Al-8Mg2Si-6Mg-0.6Mn-xFe alloy in Fig 4.30, the prior phase is α-AlFeMnSi phase when Fe 
content is less than 1.1wt.%, whilst the β-Al13Fe4 phase is formed when Fe content exceeds 
1.1wt.%. However, the coarse needle shaped β-Al13Fe4 phase is found at 1.6wt.% Fe from the as-
cast microstructure, which does not exactly follow the calculated phase diagram.  This can also be 
explained by the fact that high cooling rate from the HPDC process can potentially shift the Fe 




8Mg2Si-6Mg-0.6Mn alloy with varied Fe content generally follows two ways: (1) When the Fe 
content is below 1.6wt.%, the solidification process starts from the precipitation of α-AlFeMnSi 
prior to α-Al/α-Mg2Si. (2) When the Fe addition exceeds 1.6wt.%, the solidification process starts 
from the precipitation of the β-Fe phase, prior to α-AlFeMnSi. It is noted that no coarse primary α-
AlFeMnSi phases are observed in the alloys when Fe is at 0.3wt.%. This may be because the 
growth of primary α-AlFeMnSi phase is restricted by the low Fe contraction in the alloy. 
5.1.4 Zn Addition 
In the Al-8Mg2Si-6Mg-0.6Mn alloy, eutectic AlMgZn phase is formed when varied amount of Zn 
is added. Its solid fraction increases with increasing Zn content. There is no Zn-rich primary phase 
observed, even in the alloy with 4.3wt.% Zn. This is because Zn has a high solubility in aluminium 
in both liquid and solid states [146].  
 
According to the calculated equilibrium phase diagram of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy 
(Fig. 4.42), the primary Mg2Si phase instead of the primary α-Al is formed, when Zn content 
exceeds 3.5 wt.%. This is because the relative concentration of Al in the alloy is decreased with 
increasing Zn content. The alloy is at hyper-eutectic composition when Zn content excesses 
3.5wt.%. Although primary Mg2Si phase is precipitated in the alloy with 4.3wt.% Zn after the 
precipitation of AlFeMnSi intermetallics, there is limited solid fraction of the precipitated primary 
Mg2Si phase. As discussed in section 5.2.2, the accumulation of Mg during solidification of 
eutectic Al-Mg2Si-Mg alloy can also result in the formation of the primary Mg2Si phase. There is 
little difference in the microstructures among all the Zn contenting alloys except the solid fraction 
of the AlMgZn phase.  
 
When Zn content is below 3.5wt.%, the solidification process for the alloys with Zn is similar to 
the Al-8Mg2Si-6Mg-0.6Mn alloy before the formation of the AlMgZn phase. When Zn content is 
at 4.3wt.%, the primary Mg2Si phase is precipitated instead of the primary Al phase after the 
precipitation of primary AlFeMnSi phase. Because the reaction temperatures of Zn-rich 
intermetallics are quite low, there should be no precipitation of the AlMgZn phase in the shot 
sleeve. All the AlMgZn phase should be precipitated in the die cavity. During the solidification 
process, Zn is accumulated in the remaining melt. Fig. 5.3 shows the calculated elements 
concentration in the alloys during non-equilibrium solidification. The concentration of Zn is 
increased from the original 1.2wt.% - 4.3wt.% to 17wt.% - 23wt.% at 450°C - 468°C. In the 




system. Thus, the concentration of Mg and Zn is sufficiently high for the precipitation of the 
AlMgZn intermetallic phase at 450°C - 468°C. However, because the Zn decreases of the solidus 
of the Al-8Mg2Si -6Mg-0.6Mn alloy, the solidification finishes with the precipitation of β-Al3Mg2 




Fig. 5.3 The concentration variation of different elements during the non-equilibrium solidification  
of  Al-8Mg2Si-6Mg-0.6Mn-xZn alloys , (a) 1.2wt.% Zn, (b)2.3wt.% Zn, (c) 3.2wt.% Zn, and (d) 
4.3wt.% Zn. 
5.1.5 Cu Addition 
Cu has a high melting temperature and is highly soluble in aluminium melt [147]. In commercial 
aluminium alloys, Cu is normally presented as an eutectic phase with a composition of Al2Cu or 












































































show that AlMgCu intermetallics can be observed along the divorced eutectic α-Al grain 
boundaries and its solid fraction is increased with the increase of Cu content. The non-equilibrium 
calculation also suggests that Cu addition only affects the last stage of the solidification process of 
the Al-8Mg2Si-6Mg-0.6Mn alloy. Therefore, the solidification process for the alloys with Cu is the 





Fig. 5.4 The concentration variation of different elements during the non-equilibrium solidification  
of Al-8Mg2Si-6Mg-0.6Mn-xCu alloys, (a) 0.31wt.% Cu, (b) 0.52wt.% Cu, (c) 0.73wt.% Cu, and (d) 
0.92wt.% Cu. 
 
During solidification of the Al-8Mg2Si-6Mg-0.6Mn alloy with varied Cu content, Cu is not 
involved in any reaction at high temperatures. Therefore, all AlMgZn phase should be precipitated 
in the die cavity. The concentration of Cu is accumulated with decreasing temperature. From the 












































































2.8Si-0.6Mn-xCu alloys is plotted in Fig. 5.4. It clearly shows that the concentration of Cu in the 
remaining melt is increased to 5.38wt.% - 11.44wt.% at 462°C- 472°C from the original 0.32wt.% 
- 0.92wt.%. Mg is also accumulated in the remaining melt due to the existence of the excess Mg. 
At 462°C - 472°C, the concentration of Mg and Cu is sufficiently high for the formation of the 
AlMgCu intermetallic phase. Although the solidus of Al-8Mg2Si-6Mg-0.6Mn alloy is decreased by 
Cu addition, the solidification is still finished with the precipitation of the Al3Mg2 phase at 450 °C. 
5.2 Microstructure Evolution and Defects Formation 
5.2.1 Formation of α-Al Grains 
One unanticipated finding is that individual α-Al grains are observed in the hyper-eutectic Al-
Mg2Si-Mg alloys, as shown in Fig. 4.7 (a), (b), and (c). According to the solidification path for the 
hyper-eutectic Al-Mg2Si-Mg alloys, there should be no α-Al grains under euqilibrium solidification. 
However, it is consistent with the study by Zhang et al. [20]. They observed α-Al grains in an Al-
15Mg2Si hyper-eutectic alloy with excess Si content. They proposed that the formation of the α-Al 
grains was due to the accumulation of Si during solidification, which changed the alloy 
solidification path. Because the diffusion rate of Si in aluminium melt is very slow at a high 
cooling rate, the concentration of Si atoms in the liquid near the solid-liquid interface can be 
significantly increased during solidification. The liquid composition would follow the line AC 
instead of line AB (Fig 5.5), therefore, the binary eutectic reaction (Al+Mg2Si) is suppressed and a 
ternary Al/Si/Mg2Si co-solidified from the remaining liquid. When forming 1 mole Al/Mg2Si 
binary eutectic phase, 0.25 mole Al is needed, while for 1 mole Al/Mg2/Si/Si ternary eutectic 
phase, only 0.2 mole Al is needed.  As the ternary eutectic reaction occurs at a constant 
composition, there will be excess aluminium in the liquid alloy. Thus, besides the fine ternary 
eutectic Al/Si/Mg2Si phase formed in the Al-15Mg2Si-Si alloy, α-Al grains also can be formed.  
 
According to Zhang et al. [20], the reason for the formation of the α-Al grains was mainly due to 
the existence of excess Al during eutectic phase solidification. However, the formation of the α-Al 
grains here was due to the accumulation of Mg during solidification rather than Si. As disscussed 
earlier, the α-Al:Mg2Si ratio in the eutecitc is incresed with the raise of excess Mg. There is always 
excess α-Al  existed in liquid melt during eutectic solidification. In the meantime, the formation of 
the primary Mg2Si consumes large amounts of Si, the concentration of Si atoms near the primary 
Mg2Si phase can be significantly decreased. Because there is a close orientation relationship 




the primary Mg2Si phase forming a white halo, as shown in Fig. 5.6. Individual α-Al phases can 




Fig. 5.5 Schematic illustration of the solidification route of the Al-Mg2Si-Si alloy [20]. 
 
 
Fig. 5.6 SEM Backscattered electron image showing Al halo around the primary Mg2Si phase in 
the Al-13Mg2Si-2Mg alloy solidified under as cast condition. 
5.2.2 Relationship between Fe-rich Intermetallics and the Al3Mg2 Phase 
Surprisingly, the fine Fe-rich/MnFe-rich intermetallics are found being surrounded by the β-
Al3Mg2 phase, as shown in Fig. 4.12, Fig. 4.19, and Fig. 4.37. No data is found for such a 
phenomenon in public literatures. The reason for this is still not clear but it is likely associated with 




rich intermetallic phase is precipitated prior to the β-Al3Mg2 phase and presented at the grain 
boundaries of the divorced α-Al grains. When the melt temperature decreases, the β-Al3Mg2 phase 
precipitates from the limited remaining melt at the later stage of solidification. The β-Al3Mg2 phase 
can only grow in the narrow gaps amongst the pre-solidified primary and eutectic phases, where 
the Fe-rich intermetallics are located. On the other hand, there can be a potential close crystal 
orientation between the Fe-rich intermetallic phases and the β-Al3Mg2 phase. Therefore, the prior 
solidified Fe-rich/FeMn-rich phases can potentially act as the nucleation site for the β-Al3Mg2 to 
nucleate. This possibility is only an assumption which requires further TEM examination.  
5.2.3 Effect of Fe on Porosity Formation 
With the increase of Fe content, a dramatic increase of the porosity level was observed in Al-
8Mg2Si-6Mg and Al-8Mg2Si-6Mg-0.6Mn alloys, especially when the long needled β-Fe phase is 
formed, as shown in Fig. 4.27 and Fig. 4.36. Generally, the porosity formation in HPDC is 
attributed to shrinkage related pores and gas related porosities [3, 5, 39].  
 
The long needled β-AlFe phase not only increases alloy brittleness, but can also potentially prevent 
the melt flow through the feeding channels, which in turn increases the possibility of shrinkage 
pore formation. Villenerve et al.[149] reported that the porosity level in cast Al-Si alloy can be 
significantly increased when the Fe content increased from 0.1 to 1.4wt%. They proposed that the 
increase of porosity level was mainly due to the precipitation of a long and thick needle (or platelet) 
of the β-Al5FeSi phase. These needle β-AlFe phases were branched into several needles. 
Consequently, shrinkage porosity can be formed within the casting due to the feeding difficulty of 
the liquid metal into the spaces in the skeleton. Taylor et al. [142] pointed out that there are two 
mechanisms for the deleterious role of Fe in porosity formation in aluminium alloys. One 
mechanism is the restricted feeding theory. It suggests that the β–Al5FeSi platelets formed in the 
inter-dendritic channels during solidification cause a physical restriction to the movement of 
compensatory feed liquids. The shrinkage is unable be fed adequately, so porosity is likely formed 
as a result. The other mechanism is the pore nucleation mechanism, which suggests that the β–
Al5FeSi phase is an active pore nucleation site that also physically constrains the growth of the 
pores and influences the ultimate pore shape. Therefore, during the HPDC process, with a narrow 
ingate for the melt entering the die cavity, the pro-solidified long needle Fe phase formed in the 





The formation of gas related porosity (H2) depends mainly on the original hydrogen concentration 
in the melt. Generally, the solubility of hydrogen in liquid aluminium can be decreased with the 
increase of Fe content [150]. However, the casting of high Fe containing alloys requires a higher 
melt holding temperature. The higher the Fe content is, the higher the original hydrogen 
concentrates is in the melt. Even though the melt is degassed by rotary degassing before casting, 
the original hydrogen content in the high Fe melt (1.6-1.8wt.% Fe) can be much higher than the 
low Fe content alloys. According to the pore nucleation theory [142], the presence of the β-AlFe 
phase can provide more nucleation sites for porosity which facilitates the formation of porosities.  
5.2.4 Hot Tearing Formation 
In the study of Zn and Cu effect on the Al-8Mg2Si-6Mg-0.6Mn alloy, what is surprising is that 
micro-hot tearing is only observed in alloys with Cu addition. Based on the calculations for the 
non-equilibrium phase diagram for the Al-8Mg2Si-6Mg-0.6Mn alloy (Fig. 4.38 and 4.46), both Cu 
and Zn can enlarge the solidification range the alloy, as shown in Figs .4.38 and 4.46. The 
solidification range of the Al-8Mg2Si-6Mg-0.6Mn alloy is increased from 83°C to 153°C with 
4.3wt.% Zn, and from 83°C to 120°C with 0.92wt.% Cu. Generally, the wider the freezing range is, 
the more the risk of the alloy to form hot tearing. However, Chamberlain et al. and Sigworth et al. 
[151, 152] suggested that the formation of hot tearing is not only depending on the amount of alloy 
elements additions but also the interactions between Mg and Zn. They reported that both the 
Mg:Zn ratio and total Mg+Zn content in Al-Mg-Zn systems were critical to the hot tearing 
formation. The fraction of hot tearing was decreased with the increase in the Mg:Zn ratio. There 
was no hot tearing with the Mg:Zn ratio greater than 1.4:1 and with the same Mg:Zn ratio, the 
resistance to hot tearing was increased by raising the magnesium content. In the present study, a 
high Mg:Zn ratio can be the reason for no micro-hot tearing formation in the Al-8Mg2Si-6Mg-
0.6Mn-xZn alloys. 
 
As is seen in Fig. 4.48, micro-hot tearing can be found in the Al-8Mg2Si-6Mg-0.6Mn alloy with 
various Cu content samples. The porosity level increases with the raise in a Cu content. Micro hot 
tearing is found in the eutectic region and is surrounded by Cu-rich intermetallics. This indicates 
that Cu-rich intermetallics promote the formation of micro-hot tearing. The formation of micro-hot 
tearing can be explained in two mechanisms [153-155]. Firstly, Cu can cause a ternary eutectic 
reaction at around 460°C and the Cu content in the eutectic can increase volumetric shrinkage 




content, and the solubility of hydrogen is decrease with the increase of Cu content [155]. Therefore, 
porosity and micro-hot tearing can be rapidly formed during solidification of alloys containing Cu.  
5.3 Microstructure and Mechanical Properties Relationship under As-
cast Condition 
5.3.1 Effect of Excess Mg Content on the Mechanical Properties 
As expected, the mechanical properties of Al-Mg2Si alloys are greatly affected by the excess Mg. 
With the increase of excess Mg in Al-Mg2Si alloys, the yield strength is increased, whilst 
elongation is decreased, as shown in Fig 4.14. The UTS for the Al-10Mg2Si and Al-13Mg2Si alloys 
decreases with the increase in excess Mg content, but in the Al-8Mg2Si alloy, the UTS continues to 
increase to 6wt.% of excess Mg, then decreases with a further increase of excess Mg content. 
There are possibly three strengthening mechanisms in Al-Mg2Si-Mg alloys, including: 
 
(1)  Solution strengthening: Magnesium can be dissolved into solid aluminium with a 
solubility of 15wt.% at 437°C, thus solute Mg atoms can restrict the dislocation 
movement, hence an increase in the alloy yield strength. 
(2)  Dispersion strengthening: Due to the large amount of Mg in the alloys, the elastic β-
Al3Mg2 phase is formed at the end of solidification, which can contribute to dispersion 
strengthening mechanism. 
(3) Second phase strengthening: The primary Mg2Si phase is formed in a higher Mg content 
alloy. Due to the nature of brittleness, primary Mg2Si phase can contribute to the second 
phase strengthening.  
 
Regarding the relationship between strength and ductility for non-heat treated aluminium alloys, it 
is mainly dependent on the casting condition, as-cast microstructure, continent phases and defects 
[46, 68]. In the present study, the porosity defect is not a key factor affecting the mechanical 
properties of the alloys because the porosity levels in all alloys are quite low, as shown in Fig. 4.10. 
Therefore, the mechanical properties of Al-Mg2Si-Mg alloys are depending on the microstructure 
and continent phases. As discussed earlier, the Al-Mg2Si alloys microstructure is shifted from 
hypo-eutectic to eutectic and further hyper-eutectic with increasing excess Mg content. The 
microstructure changes directly result in the change of the proportion of the continent phases. The 




eutectic is increased, then the brittle primary Mg2Si phase starts to form as primary phase. The 
solid fraction of the primary α-Al is a key factor which affecting the alloy ductility. With the 
decrease of the ductile phase and the increase of the brittle phase, the yield strength of the alloy can 
be increased. The increase in yield strength is accompanied with a decrease in elongation, as the 
added reinforcement from the brittle phase is at the cost of the ductility. Therefore, the ductility 
decreases with the raise in excess Mg. Because the diffusion rate in the HPDC process is quite low, 
a large amount of Mg can be restrained in the Al phase and contribute to the solution strengthening. 
It is noted that the UTS for the Al-8Mg2Si alloy is increased from 310MPa to 330MPa (6.5%) 
when the excess Mg is increased from 2wt.% to 6wt.%. Then the UTS is decreased to 295MPa 
when further increasing the Mg content to 8wt.%. However, the UTS is constantly decreased with 
the increase of the excess Mg in the other two alloys with a higher Mg2Si. This may be attributed 
to that the Al-8Mg2Si has a much higher solid fraction of α-Al phase than the other two alloys 
which maintains its ductility. When the coarse primary Mg2Si phase is formed, both the ductility 
and UTS are decreased. This is because the primary Mg2Si phase is prone to fracture due to its 
large size, which can easily act as a crack riser. According to Griffith‟s Theory [8], a particle 




           (5.1) 
where    is the fracture toughness of particle and d is the diameter of the particle. The bigger size 
of the Mg2Si phase is, the smaller the value of ζc is. As there are some fine primary Mg2Si particles 
in eutectic and hypo-eutectic alloys, these particles can contribute to second phase strengthening. 
Amongst the three Al-Mg2Si alloys, when the same amount of excess Mg content is added, the 
yield strength, UTS and ductility decrease with the increase of the Mg2Si content. This is because 
the strengthening effect from the second phase (Mg2Si) is much less than the solution and 
dispersion strengthening of Mg [10, 46].  
5.3.2 Effect of Mn Contents on the Mechanical Properties 
, The addition of Mn up to 0.6wt.% in the Al-8Mg2Si-6Mg alloy is found to be able to significantly 
improve the strength with little sacrifice on the ductility. When further increasing Mn content to 
0.78wt.%, there is little increase in yield strength but a significant decrease in elongation. 
Generally, it is agreed that Mn can increase the strength of aluminium alloys either in solid 
solution or as finely precipitated intermetallic such as AlFeMnSi phase [68, 72, 156]. Therefore, 
the strengthening effect of Mn in the Al-8Mg2Si-6Mg alloy is believed from two mechanisms: (1) 





According to the calculated phase diagram for the Al-8Mg2Si-6Mg-xMn alloy (Fig. 4.15), it is 
clearly seen that the solubility of Mn in α-Al phase is 0.33wt.% at 590°C, and 0.1wt.% at 494°C. 
The diffusion rate of Mn atom is restricted during the solidification because of the high cooling 
rate in the HPDC process. Large amount of Mn can be supersaturated in α-Al phase. Therefore, the 
supersaturated Mn in the α-Al phase could precipitated as fine particles which can restrict the 
dislocation movement, hence contribute to an increase in the  yield strength [89, 157]. On the other 
hand, the size of Mn-rich intermetallics is very small ranging from 0.5 - 2.5µm. According to the 
Griffith criterion in Equation 5.1, small sized Mn-rich intermetallics get less chance to break before 
reaching its fracture stress limit. An appreciated level of those small particles can slightly 
contribute to the particle strengthening without significantly decreasing the ductility. However, due 
to the limited solubility of Mn in Al phase, a higher Mn addition 0.78wt.% is not able to further 
increase the yield strength by solution strengthening. As the solid fraction of the Mn-rich 
intermetallics gradually increased with 0.78wt.% Mn, the ductility is therefore decreased. 
Consequently, the Mn content in the Al-8Mg2Si-6Mg alloy should be maintained at a level of 
0.6wt.%.  
5.3.3 Effect of Fe and Fe+Mn Contents on the Mechanical Properties 
In general, the detrimental effect of Fe on mechanical properties in Al alloys is [48, 72, 80]: 
 
1) The Fe-rich phases can directly affect the fracture mechanism from ductile to brittle. With 
the increase of Fe content, the size and the number density of Fe-rich intermetallics are 
increased.  
2) The porosity level is increased with the increase of Fe content, which also has an 
detrimental impact on the strength and ductility.  
 
The increase of Fe content in aluminium alloys can dramatically reduce the mechanical properties, 
especially for ductility because of the formation of the needle or platelet shaped Fe phases. Those 
needle or platelet shaped Fe-rich phases can act as a stress raiser, which in turn can course the 
brittleness of the material [48, 142]. The coarse needle Fe phase, which forms at the early stage of 
solidification can potentially prevent the melt flow through the feeding channels, and may cause 
hot tearing or increase porosity level [48]. Compared to needle shaped β-Fe phases, Chinese script 






In the present study, the long needle shaped β-AlFe phase is formed at 1.6wt.% Fe in the Al-
8Mg2Si-6Mg and Al-8Mg2Si-6Mg-0.6Mn alloys. The ductility of the two alloys are dramatically 
decreased at the presence of the needle β-AlFe phase, which is in agreement with previous studies 
[48, 142]. However, only the Chinese scripts or dendrite and polygonal α-AlFeSi/AlFeMnSi 
intermetallics are formed when the Fe content is below 1.6wt.%. Although the solid fraction 
compact α-AlSiMnFe intermetallics is increased with the increase of Fe concentration, those 
phases are less prone to fracture than the long needle shaped β-Fe phases. Therefore, both alloys 
can maintain a reasonable ductility before the formation of the needle Fe phase.  
 
The yield strength of the Al-8Mg2Si-6Mg alloy is slightly increased with Fe addition, whilst the 
yield strength is slightly decreases in the Al-8Mg2Si-6Mg-0.6Mn alloy, as shown in Fig. 4.29 and 
Fig. 4.41. Generally, a uniform distribution of Fe-rich intermetallic particles is benefit to the 
strengthening effect. In the Al-8Mg2Si-6Mg alloy, the Chinese script and dendrite α-AlFeSi phase 
is small in size and well distributed in the matrix along the grain boundaries. This can potentially 
contribute to the alloy strength by the second phase strengthening mechanism. As discussed in 
5.4.2, part of the strengthening of the Al-8Mg2Si-6Mg-0.6Mn alloy is gained from the solution 
strengthening. The addition of Fe results in the formation of the primary α-AlSiMnFe 
intermetallics, and consumes large amount of Mn in the melt. Therefore, the solution strengthening 
effect of Mn is reduced, and directly results in the decrease of the yield strength in the Al-8Mg2Si-
6Mg-0.6Mn alloy. Similar results are also reported in the Al-Cu-Mn alloys that the Fe addition 
reacts with the Mn and decreases the alloy yield strength [72].  
 
5.3.4 Effect of Zn Contents on the Mechanical Properties 
The mechanical properties of Al-8Mg2Si-6Mg-0.6Mn alloy is greatly affected by the AlMgZn 
intermetallics. The yield strength is significantly enhanced, whilst ductility is decreased. The UTS 
of the alloy is maintained at a similar level when Zn is up to 4.3wt.%. Referring to the solidified 
microstructures, the increase of yield strength is believed to be related to two mechanisms: (1) 
solid solution strengthening by Zn, and (2) Second phase strengthening by the AlMgZn 
intermetallic phase which is presented along the eutectic α-Al/Mg2Si phase boundaries.  
 
Zn has a high solubility in α-Al. The high cooling rate in the HPDC process can result in the 
supersaturation of Zn in Al phases. The dislocation movement is restricted by the precipitated Zn 




the TEM images in Fig. 4.71 c and e, in which Zn precipitates can be observed in Al grains under 
as-cast condition after nature ageing. Whilst the AlMgZn intermetallics are well distributed along 
the grain boundaries together with the β-Al3Mg2 phase, those phases can contribute to second 
phase strengthening. The increase of the yield strength is then accompanied with the decrease of 
elongation. This is because the added reinforcement is at the cost of ductility. Considering the 
significantly increase of yield strength by the addition of Zn, no micro-hot tearing occurred in the 
microstructure, Zn is treated as a beneficial element in the Al-8Mg2Si-6Mg-0.6Mn alloy. 
5.3.5 Effect of Cu Contents on the Mechanical Properties 
Cu in aluminium alloys can increase the hardness but not always increase the strength [10, 68]. 
Mondolfo [68] pointed out that Cu in aluminium alloys can achieve a maximal strengthening effect 
with retained substantial ductility when Cu is dissolved into the aluminium matrix. Conversely, 
when the Cu phase is presented as a continuous network at grain boundaries, limited strength 
enhancement can be achieved but with a severe reduction of the ductility. In the present study, the 
majority of AlMgCu intermetallics are found along the divorced eutectic α-Al grain boundary. 
Therefore, limited enhancement on the strength from 189MPa to 207MPa is obtained in the Al-
8Mg2Si-6Mg-0.6Mn from the Cu-rich intermetallics. The ductility is significantly decreased. 
Besides, the Cu addition causes the formation of micro-hot tearing, which can act as a crack 
initiator [47]. The micro-hot tearing in the Cu containing alloys is believed the main reason for the 
reduction of UTS and ductility. Consequently Cu is considered as a detrimental element in the Al-
8Mg2Si-6Mg-0.6Mn alloy.  
5.4 Effect of Quick Heat Treatment 
5.4.1 Effect of Quick Solution Heat-Treatment 
The purposes of the solution treatment are: (1) to dissolve Cu, Mg or Zn rich particles which are 
formed during solidification, (2) to homogenise the supersaturated structure, and (3) to spheroidise 
the eutectic Si/Mg2Si phase [54, 115, 125, 158]. The quick heat treatments conducted in the present 
study have a shorter time and a lower temperature comparing to a traditional heat treatment 
schedule. In order to evaluate whether the short solution time at a low temperatures is feasible, it is 
essential to check if the three purposes are achieved. The dissolving of the AlMgZn and the 




precipitation hardening after ageing. Whilst the spheroidsation of the eutectic Mg2Si phase is 
necessary for improving the ductility of the alloy [113]. When both the yield strength and ductility 
are improved, the UTS can be increased as well [113]. This has been proved by Taylor et al.[109] 
through an empirical analysis of the trends in mechanical properties of T6 treated Al-Si-Mg cast 
alloys.  
 
In the present study, the Al-8Mg2Si-6Mg-0.6Mn alloys with various Zn contents are successfully 
solution heat treated at 490°C for 15mins without blistering or causing dimensional instability. It is 
found that the short solution treatment is able to dissolve the AlMgZn and Al3Mg2 phases through 
the whole sample as shown in Fig. 4.62. According to the non-equilibrium calculation, as shown in 
Table 4.4, the formation temperature for AlMgZn and Al3Mg2 phases are between 450°C to 470°C. 
The solutioning temperature was at 490°C, high enought to dissolve those phases. It has been 
reported that the solution time can be shortened if the as-cast structure has a fine grain size 
compared to permanent mould castings [42, 107, 113]. The high cooling rate through the HPDC 
process enhances the high nucleation rate during the solidification of the Al-8Mg2Si-6Mg-0.6Mn-
xZn alloy, thus the as-cast microstructure has a relatively fine primary phase and eutectic phase. 
This can significantly reduce the required solution time for dissolving those intermetallics in the 
Al-8Mg2Si-6Mg-0.6Mn-xZn alloy. In the meantime, the thickness of the tensile specimen is only 
6.35mm in the middle section, so the heat can quickly go through the whole sample and enable 
dissolving in those phases within a short period of time. Therefore, the short solution time and low 
solution temperatures are feasible for the Al-8Mg2Si-6Mg-0.6Mn-xZn die cast samples, which are 
also confirmed by the mechanical properties.  
5.4.2 Effect of Aging Heat-Treatment 
It is well accepted that the precipitation sequences in Al-Si-Mg alloys follows: αss → GP Zones → 
β′′-Mg 2Si→ β′ -Mg 2Si → β -Mg 2Si. Whilst in Al-Zn-Mg-Cu alloys, the dominant precipitation 
sequence is: αss→ GP Zones → η′-Mg2Zn→ η- Mg2Zn. The peak hardness value can be obtained 
with the β′′-Mg2Si phase in Al-Si-Mg alloys and with η′ phase in Al-Zn-Mg-Cu alloys. However, 
the TEM micrograph in Fig. 4.71 shows that there is no precipitate particle in the Al-8Mg2Si-6Mg-
0.6Mn alloy samples and precipitates can only be found in Zn containing alloys. According to 
literature [107, 125, 159-161], the solution temperature for the Mg2Si phase to fully dissolve is 
around 520°C to 570°C for 1-6h [114, 160, 161]. This indicates that the short time solution 




Consequently, there is no precipitation during ageing treatment. The precipitated particles in the 
Al-8Mg2Si-6Mg-0.6Mn-xZn alloys should be only η′ phase at peak value conditions.  
 
The ageing kinetics are controlled by the solute atomic diffusion [108, 109, 119, 126, 127, 158, 
162]. The temperature is the most significant factor affecting the atomic diffusion coefficient [120, 
126, 127, 162, 163]. According to the Arrhenius' equation [164]: 
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)             (5.2) 
Where D is the reaction rate for the process, D0 is the empirical constant value, Q is the action 
energy, R is the gas constant and T is the absolute temperature. The higher the ageing temperature 
is, the greater the diffusion coefficient of the solute atoms is. Thus, the time required for the 
decomposition of the supersaturated solid solution at a higher temperature is shorter and takes less 
time to achieve the peak ageing condition. In the present study, the hardness of the Al-8Mg2Si-
6Mg-0.6Mn-4.3Zn alloy is increased with the increase of the ageing time before reaching the peak 
value, and then quickly decreased with the prolonged ageing time. The peak hardness value is 
reached for 90 mins at 180℃ and for 630 mins at 160℃. The peak value for 160℃ aged sample is 
slightly higher than that of the 180℃ aged sample. This is because the precipitation rate is faster at 
180°C, but the GP zone is easier to grow bigger, and the alloy hardness can be improved quicker. 
As the higher temperature can result in the size of the formed GP zones being bigger but lower in 
density, the density of precipitated η' phase is lower at the peak aged condition with a lower aging 
temperature. The precipitation rate at 160°C is much lower than that at 180°C, thus the rate on the 
increase of hardness value is slower. However, the size of the formed GP zones at 160°C is smaller 
with a higher density. The precipitated η' phase can have a higher density at 160°C at the peak 
stage, therefore, the peak aged hardness value of 160°C is slightly higher than that of 180°C. As 
there is a small difference on the peak hardness value between 160°C and 180°C which is 
negligible, a much shorter time is required for the 180°C to obtain the peak stage. Therefore 180°C 
is selected for the ageing treatment.  
5.4.3 Effect of Quick Heat Treatment on Mechanical Properties  
It is clear that the yield strength of the Al-8Mg2Si-6Mg-0.6Mn alloy decreases after solution 
treatment, and it further increases under the aged condition. It was noted that the yield strength of 
the alloy without Zn addition will not increase after ageing. This is well coincided with the TEM 
observation that there are no precipitates in the non-Zn containing alloys after the ageing treatment. 
Amongst the four Zn containing alloys, the one with 4.3wt.% Zn offers the highest yield strength 




solution treated condition. This is because the Al-8Mg2Si-6Mg-0.6Mn-4.3Zn alloy has the highest 
density of precipitation of η′ phase, as shown in Fig. 4.66 d and f.  
 
The spheroidsation of the eutectic Mg2Si phase is observed after the solution treatment at 490°C 
for 15mins, as shown in Fig. 4.60 (c). This microstructural modification resulted in a substantial 
increase of the ductility of the alloy. It was reported by several researchers that the spheroidsation 
of the eutectic Si particles in the as-cast structure could increase the fracture strain, which will 
made it more difficult for the silicon particles to fracture [165, 166]. The Mg2Si and Si phase has a 
similar crystal structure [17, 167], therefore, this mechanism can be also applied for the eutectic 
Mg2Si phase. The effect of spheroidsation of the eutectic Mg2Si particles can be reflected from the 
tensile test results of the Al-8Mg2Si-6Mg-0.6Mn-xZn alloys at three conditions: as-cast, solution 
heat treated and aged. It is seen that the elongation is much higher for the solution treated and aged 
sample, compared to the as-cast one. Since the yield strength and ductility of the Zn containing 
alloys are increased after ageing, and the UTS is also improved, which is also due to the 
spheroidsation of the Mg2Si eutectic particles. These results are in agreement with the previous 





Chapter 6 Conclusions 
In this study, the solidification process, the microstructural evolution, the defects formation and the 
mechanical properties of hypo-eutectic Al-Mg2Si alloys containing excess Mg and other alloying 
elements were studied. The effect of a quick solution and ageing treatment on the microstructure 
and mechanical properties were also investigated in order to achieve further property improvement. 
The main conclusions are summarised as follows: 
 
1. The excess Mg content result in a shift of the eutectic point of Al-Mg2Si pseudo-eutectic 
system to a lower Mg2Si content. This not only changes the solidification sequences but also 
the fraction of a primary phase in the as-cast microstructure of the Al-Mg2Si alloys. For a 
given hypo-eutectic Al-Mg2Si alloy, the formation of Al/Mg2Si eutectic phase was promoted 
and the formation of primary α-Al phase was reduced when excess Mg was added. In a hypo-
eutectic Al-Mg2Si alloy, its microstructure can be altered to a eutectic or hyper-eutectic alloy 
with increasing excess Mg, in which the eutectic phases or the primary Mg2Si phase can be 
formed in the as-cast microstructure. This will change the strengthening mechanism in Al-
Mg2Si-Mg alloys. Moreover, the solidification range of the Al-Mg2Si alloy is decreased with 
the appropriate increase of excess Mg, which improves the die filling capability during casting.  
2. During high pressure die casting of the Al-8Mg2Si-6Mg alloy, the solidification consists of two 
stages, including that in the shot sleeve and in the die cavity. The solidification in the shot 
sleeve is responsible for the formation of the primary α-Al phase, which shows a dendritic 
and/or fragmented dendritic morphology and relatively coarse grain size in the as-cast 
microstructure. The solidification in the die cavity is responsible for the formation of the 
primary α-Al, eutectic phase and Fe-rich intermetallics. The increased cooling rates in the die 
cavity result in the formation of the fine primary α-Al phase, β-Al3Mg2, compact Fe-rich 
intermetallics and the divorced eutectic phase. 
3. The yield strength and UTS of the alloys increases with increasing excess Mg, but the 
elongation decreases. The Al-8Mg2Si-6Mg alloy is found to be able to offer a good 
combination of strength and ductility, which provides 170MPa of yield strength, 340MPa of 
UTS and 6.9% of elongation.  
4. In the Al–8Mg2Si-6Mg alloy, a relatively high Fe content at 1.6wt.% is allowable because of 
the limited reduction of the strength and ductility. When Fe is increased from 0.3 to 1.6wt%, 
the increase of yield strength is from 170MPa to 178MPa, UTS is maintained at 330MPa but 
elongation decreases from 6.7% to 5.1%. When Fe is less than 0.43wt.%, the prior phase is the 




Al11FeSi0.2. When Fe is over 0.43wt%, the Al12.3FeSi0.2 phase solidifies to the prior phase, 
forming fine dendrites or Chinese scripts in the as-cast microstructure. When Fe is over 
1.6wt%, a large amount of Al14.4Fe4 is solidified in the form of long needle shapes, which can 
initiate the cracks and therefore become detrimental to the mechanical properties.  
5.  Manganese results in an increase of yield strength but a slightly decrease of the ductility of the 
Al-8Mg2Si-6Mg alloy. With 0.6 wt.% Mn in the alloy, the yield strength increases from 
170MPa to 189MPa, UTS from 330MPa to 350MPa and elongation from 6.7% to 6.5%. The 
enhancement is attributed to the strengthening of the increased solution in the Al phase and the 
formation of fine Mn-rich intermetallic particles along grain boundaries. In the Al–8Mg2Si-
6Mg alloy with 0.6wt.%Mn, the prior phase is α-Al14(Fe,Mn)3Si phase when Fe is less than 
1.2wt.%. The prior phase is a long needle shaped β-Fe phase when Fe is at 1.6wt%, and its 
solid fraction and average size increase with further increasing Fe addition. 
6. Cu can result in a slightly increase of the yield strength but a greatly decrease of elongation 
and UTS of the Al-8Mg2Si-6Mg-0.6Mn alloy. Cu can dissolve into the α-Al phase and/or form 
the AlMgCu phase. Cu significantly increases The shrinkage rate of the Al-8Mg2Si-6Mg-
0.6Mn alloy is significantly increased when Cu is added. Therefore hot tearing is formed in the 
as-cast microstructure. Consequently, Cu is considered as a detrimental element and needs to 
be controlled at a low level in Al-Mg2Si-Mg based alloys. 
7. In the Al-8Mg2Si-6Mg-0.6Mn alloy, Zn can result in a significantly increase of the strength but 
a slightly decrease of the elongation. It is confirmed that Zn does not have any influence on the  
hot tearing formation. Although Zn is dissolved into the α-Al phase when Zn is less than its 
maximum solubility of 1wt.%, the increased Zn content result in the precipitation of MgZn 
particles in the α-Al grain and the AlMgZn intermetallics along the grain boundaries of the 
Al/Mg2Si eutectic phase, which contributes to precipitation strengthening and second phase 
strengthening, respectively. However, the intermetallic AlMgZn phase is brittle and can initiate 
the crack. Therefore, Zn can decrease the ductility of the alloy. 
8. The optimised heat treatment process includes a quick solution at 490°C for 15mins, followed 
by an ageing process at 180
o
C for 90mins for the Al-8Mg2Si-6Mg-0.6Mn-xZn alloy. The 
solution treatment can dissolve most of the AlMgZn intermetallics in the tensile samples and 
spheroidise the eutectic Mg2Si phase. The corresponding increase of Zn concentration in the α-
Al phase increases from 2wt.% to 4wt.% after solution treatment. However, quick solution 
treatment is not able to dissolve the eutectic Mg2Si phase. After solution treatment, the UTS is 
increased from 345MPa to 375MPa and elongation is increased from 2.2% to 6.4%, but the 
yield strength is decreased from 245MPa to 196MPa in the 4.3wt.% Zn alloy. 
9. The ageing treatment can further improve the mechanical properties of the Al-8Mg2Si-6Mg-




after ageing. The strength enhancement is mainly due to the formation of the fine η′ phase with 
a size of 20 - 40nm, precipitated in the primary α-Al phase during ageing. Consequently, in the 
alloy without Zn, no precipitated particles are observed after ageing. Therefore, no significant 
property enhancement is achieved by heat treatment in the alloy with a low level of Zn.  
10. The Al-Mg2Si based alloys with excess Mg can be processed by high pressure die casting and 
enhanced by various alloying elements. The optimised alloy composition is Al-8Mg2Si-6Mg-
0.6Mn-4.3Zn. The die cast samples provide the yield strength of 245MPa, UTS of 345MPa and 
elongation of 2.2% under as-cast condition. After solution and ageing treatment, a significant 
improvement can be achieved, in which the yield strength is 355MPa, UTS is 425MPa and 





Chapter 7 Future Work 
It would be worthy studding Al alloys a with higher Mg and a lower Si content. With increasing 
Mg content, the density of the alloy can be further decreased, which is favourable for the 
automotive industry. A lower Si content can prevent the formation of the primary Mg2Si phase and 
maintain the fluidity of the alloy melt.   
 
It would be useful to study the effect of superheat on the microstructure and mechanical properties 
of Al-8Mg2Si-6Mg alloys. The solid fraction of eutectic phase solidified in the shot sleeve has an 
influence on the mechanical properties due to its coarser morphology. By promoting the formation 
of laminar/fibrous Mg2Si eutectic phase, the strength of the alloy is expected to increase further.  
 
The effect of minor elements such as Ti, Ni, Cr, Sr and Na, on the Al-8Mg2Si-6Mg-0.6Mn alloy 
can be studied in the further work. As the optimised alloy is close to the eutectic composition and 
the modification/refining of the eutectic structure can potentially affect the mechanical properties. 
 
It would be useful to check the interface between AlFeSi/AlFeMnSi intermetallics and the Al3Mg2 
phase by a high resolution TEM. Since the small sized Fe-rich intermetallics are always found been 
surrounded by the eutectic β-Al3Mg2 phase, there can be a close crystal relationship between the 
two phases which enables the β-Al3Mg2 to nucleate on Fe phases.  
 
More Detailed TEM work is needed to investigate the precipitation in Al-8Mg2Si-6Mg-0.6Mn 
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